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ABSTRACT 
 
Concerns over the stability and security of the fossil fuel supplies as well as their 
environmental impact have generated interest in hydrogen as a sustainable energy carrier. Developing 
effective hydrogen storage for automotive applications is a central challenge in realizing a hydrogen 
energy economy. Light metal hydrides possess high storage capacities, but sluggish hydrogen uptake 
and release kinetics hinder their practical use. Significant improvements in the kinetics of these 
materials have been achieved with catalytic additives in conjunction with nano-structuring via high-
energy ball-milling or by infiltration into mesoporous scaffolds. Although the hydrogen performance 
of these materials has been extensively studied, the characterization of the morphology, 
microstructure, and catalyst dispersion lagged behind, hindering progress in system development. 
The purpose of this dissertation was to provide a deeper understanding of system functionality in 
nano-confined and ball-milled light metal hydride hydrogen storage materials through direct 
characterization of the material structure using electron microscopy, spectroscopy, diffraction, and 
tomography, and utilizing in situ heating to probe the evolution of the materials during hydrogen 
cycling. 
The nano-confinement of LiBH4 in highly ordered mesoporous carbon scaffolds significantly 
reduces the high pressures and temperatures needed for de/rehydrogenation, but exhibits reduced 
practical loading limits and a degradation of hydrogen storage capacity with cycling. Examination of 
the scaffold structure revealed that they grow in domains of different column orientations rather 
than as single-orientation monoliths. The inaccessibility of some of these domains to infiltration may 
explain the limited filling capacity and impact other aspects of their performance. It was discovered 
that the desorption product LiH is ejected during dehydrogenation at 200 °C, forming a granular 
crust of nano-cubes and cuboids on the outer scaffold surface. These nano-crystals could also migrate 
completely away from the scaffolds. This ejection of LiH and thus preferential segregation of lithium 
from boron explains the performance degradation observed in these systems. 
Transmission electron microscopy and X-ray energy-dispersive spectroscopy were used to 
compare the size, morphology, and dispersion of Ni catalyst particles in MgH2 as a function of high-
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energy ball-milling duration. Electron tomography was applied to determine the three-dimensional 
catalyst dispersion. It was found that the Ni catalyst is transformed into the intermetallic compound 
Mg2NiH4 with increasing milling duration, providing an explanation for the higher desorption 
temperatures with longer milling times. The dissolution of the Ni catalyst particles and conversion 
into Mg2Ni/Mg2NiH4 continued during dehydrogenation. These results demonstrate that the as-
synthesized structure of the Mg-Ni material is not stable and continues to evolve with cycling and 
explains the degradation in sorption kinetics with cycling reported in this system. Nanocrystalline 
MgO layers up to a few nanometers thick on the exterior surfaces were observed to fully enclose the 
MgH2 particle aggregates. During in situ heating, the MgH2 receded from the oxide layer, resulting 
in hollow or partially hollow oxide shells surrounding coalesced Mg cores. This provides a conclusive 
answer to the origins of these shell-like structures, which had been reported but not explained.  
This work also demonstrated that the form in which the catalyst is introduced during ball-
milling can be used as a tool for tailoring the morphology and dispersion of the catalyst. A dramatic 
reduction in the Ni particle size by up to two orders of magnitude, with an accompanying increase in 
size uniformity, was achieved for 1-hour-milled material when anhydrous NiCl2 was used as an 
alternative catalyst to pure Ni nanopowder. Electron tomography revealed that the dispersion of the 
catalyst was also significantly affected: the Ni formed patches that were limited to the exterior 
surfaces of the MgH2. 
High-energy high-pressure ball-milled TiH2-doped MgH2, for which excellent cyclic stability 
was reported, was also examined. In this work it was determined that the TiH2 catalyst particles are 
highly dispersed throughout the MgH2, and that the particles remain both intact and in place during 
hydrogen desorption, indicating that the material retains the initially synthesized structure and 
catalyst dispersion with hydrogen cycling. This distribution of catalyst increases the amount of 
MgH2 in contact with a catalyst particle, increasing the number of nucleation and growth sites for 
the Mg/MgH2 phases, and may also act as hydrogen gateways to facilitate the transport of hydrogen 
to the interior material, helping explain the exceptional sorption behavior of this system. Structural 
differences in the oxide layers of specimens milled for different durations and their behavior during 
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dehydrogenation observed by in situ heating in the electron microscope may explain the worsening 
desorption performance reported for specimens milled beyond 4 hours. 
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CHAPTER 1 
 
INTRODUCTION 
  
1.1 Motivation 
 
 The looming world-wide energy crisis has generated considerable interest in the development 
of alternative, sustainable energy sources. Currently, the world consumes 1.2x1014 kWh/yr, roughly 
80% of that total derived from the fossil fuels coal, oil, and gas. Combustion of fossil fuels, together 
with deforestation, releases 7x1012 kg/yr of CO2, a gas implicated in global warming, leading to an 
annual CO2 concentration increase of 0.4% due to human activities [1]. World energy consumption 
is predicted to grow by 56% between 2010 and 2040, from 570 exajoules (1 EJ = 1018 J) in 2010 to 
865 EJ in 2040, with a concomitant 46% rise in CO2 emissions from 31 billion metric tons to 45 
billion metric tons [2]. Global liquid fossil fuel use is projected to grow from 87 million barrels per 
day to 115 million, with almost all of this increase due to the transportation and industrial sectors, 
63% due to transportation alone [2]. Petroleum, in particular, dominates transportation energy 
consumption. In the United States, 93% of transportation energy consumption is from petroleum, 
accounting for 71% of domestic petroleum consumption and 28% of the total 102.7 EJ used in the 
US [3]. The rapid industrialization and economic growth occurring in Asia and other developing 
regions – with the subsequent personal income rise, population growth, rapid urbanization, and 
increased demand for personal mobility – is the primary force behind the projected increases in 
transportation energy usage. China alone is expected to more than triple its consumption from 8.44 
EJ in 2010 to 27.4 EJ in 2040, roughly equal to the U.S. consumption [2]. 
 In addition to the environmental aspects, stability of the energy supply is of great concern in 
the United States, where energy consumption is projected to continue to outstrip domestic energy 
production, leading to greater dependence on imports. In the face of increasing global demand, and 
with a significant portion of the imported fuels coming from politically volatile regions, energy 
consumption is also a matter of national security. With 18.5% of U.S. petroleum consumption 
related to transportation, the development of a suitable alternative to fossil fuel-powered internal 
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combustion engine vehicles is an essential goal and would have beneficial repercussions both 
nationally and globally.  
 Hydrogen-powered fuel cell vehicles offer one such alternative. While hydrogen is not a 
primary energy source in and of itself, it is a high-quality synthetic energy carrier. Hydrogen is 
particularly attractive as a fuel source because its chemical energy per mass (142 MJkg-1 or 39.4 
kWhkg-1) is three times larger than that of other chemical fuels (e.g., liquid hydrocarbons: 47 MJkg-1 
or 13.1 kWhkg-1), the highest of any common fuel [4]. If the hydrogen is obtained via an 
environmentally benign and sustainable method (such as with solar-powered electrolysis, which can 
reach efficiencies of 81% or more [5]) and converted to electricity using a fuel cell, from which the 
only byproduct of oxidizing hydrogen is water, it provides an environmentally friendly method of 
storing and recovering the energy. 
 Developing effective hydrogen storage for transportation is a central challenge in realizing a 
sustainable energy economy. Mobile hydrogen storage applications face a variety of challenges 
compared to their stationary kin. The latter can employ multistep charge/recharge cycles operating at 
high temperatures and pressures, and compensate for slow kinetics with extra capacity whereas the 
former require fuel and performance characteristics similar to those of existing modern petroleum-
powered automobiles. 
 
1.2 Hydrogen Storage System Requirements 
 
The U.S. Department of Energy (DOE) Office of Energy Efficiency and Renewable Energy 
launched the FreedomCAR initiative to develop hydrogen energy technologies for automotive 
applications, establishing a set of technical targets to help guide the development of onboard 
regenerative hydrogen storage systems [6]. Matching the fuel and performance characteristics of 
modern gasoline-powered automobiles imposes stringent requirements for hydrogen systems. The 
travel range, refueling times, and weight must be similar while providing equivalent speed and 
acceleration at a comparable cost to existing petroleum-powered vehicles [7]. The operational 
demands of fuel cell engines place additional requirements on the storage systems. A selection of the 
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DOE targets, which were updated in 2009 to reflect the data gathered from new fuel cell 
developments and testing during the interim [8], are included in Table 1.1. 
 
Table 1.1 Technical system targets for onboard hydrogen storage for light-duty fuel cell vehicles 
[6,8,9]. †The capacity takes into account the weight and volume of the complete storage system, not 
only the storage medium.  
Storage Parameter Units 2010 2017 Ultimate 
System gravimetric 
capacity† 
kWh/kg 1.5 1.8 2.5 
wt% H2 4.5 5.5 7.5 
System volumetric capacity† kWh/L 0.9 1.3 2.3 g H2/L system 28 40 70 
Minimum full flow rate (g H2/s)/kW 0.02 0.02 0.02 
System fill time (5 kg) min 4.2 3.3 2.5 
Min/max operating 
temperature 
°C -30/50 -40/60 -40/60 
Min/max delivery 
temperature 
°C -40/85 -40/85 -40/85 
Min/max delivery pressure MPa 0.5/1.2 0.5/1.2 0.3/1.2 
 
 The FreedomCAR initiative details several metrics for use in determining sufficient 
performance of onboard hydrogen storage systems. Of these, a sufficient fuel capacity is perhaps the 
most important. Approximately 5-10 kg of usable hydrogen is necessary for a 300-500 mi travel 
range, depending on the vehicle. Furthermore, the system must be relatively small and lightweight. 
For automotive applications, too heavy a system will have detrimental effects on vehicle performance 
and fuel consumption, and too large a system will occupy too much space, reducing the available 
room for passengers and trunk space. This dictates the necessary energy, and thus hydrogen, density 
of the storage medium. The hydrogen capacity is calculated in two different ways: gravimetric 
density � 𝑚𝑎𝑠𝑠 𝐻2
𝑡𝑜𝑡𝑎𝑙 𝑠𝑦𝑠𝑡𝑒𝑚 𝑚𝑎𝑠𝑠� and volumetric density � 𝑣𝑜𝑙𝑢𝑚𝑒 𝐻2 𝑎𝑡 𝑆𝑇𝑃𝑡𝑜𝑡𝑎𝑙 𝑠𝑦𝑠𝑡𝑒𝑚 𝑣𝑜𝑙𝑢𝑚𝑒�. Both of these values, however, 
must take into account the entire storage system – the storage medium and any necessary accessories 
– and not merely the storage medium. Hence the actual weight percent needed is higher than the 
hydrogen weight percent value listed in Table 1.1.  
 Under driving conditions, the storage systems must supply hydrogen fuel to the fuel cell at a 
rate sufficient to provide speed and acceleration comparable to modern automobiles. The target has 
been set at 0.02 (g H2/s)/kW, which corresponds to 1.6 g H2/s for a typical 80 kW fuel cell [9]. 
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Hydrogen uptake must also be sufficiently quick to allow for refueling times on par with those of 
gasoline cars. For filling a 5 kg tank of hydrogen, the targets range from a 4.2 minute fill time (2010) 
to 2.5 minutes (ultimate). These requirements place constraints on the kinetics of the storage system. 
 The storage system must operate over a -20 °C to 40 °C temperature range without 
degradation of performance, and from -40 °C to 60 °C with some degradation allowed, to 
accommodate highly variable weather conditions. The delivery temperature from the storage to the 
fuel cell, 85 °C maximum, is derived from the operating temperatures of proton exchange membrane 
fuel cells; if the enthalpy of hydrogen desorption falls within that temperature window, the storage 
system could use the waste heat gathered from the fuel cell as the input energy for hydrogen release. 
If the hydrogen release temperatures are higher than this, additional energy must be allocated 
reducing the effective capacity. Use of a fuel cell also dictates that the operating pressure of the 
storage system be in the range of 0.3-0.5 MPa (3-5 bar) at minimum and 1.2 MPa (12 bar) at 
maximum. These requirements place constraints on the thermodynamics of the storage system.  
 In addition to all of the above, the storage system must possess an operational cycle lifetime 
of 1500+ cycles, equivalent to 5000 operation hours or 150,000 miles, to allow the system to deliver 
many hydrogen uptake/release cycles before it would have to be replaced. Each cycle consists of a full 
discharge and recharge of the stored hydrogen. All other performance targets must still be met at the 
end of service lifetime. The system must have effective heat transfer, to avoid damage from heat 
buildup, and its mechanical strength and durability must be sufficiently high. Finally, the system 
must be safe under normal use and of acceptable risk under abnormal use. 
 
1.3 Thesis Summary 
 
Background information about existing hydrogen storage methods, and a review of the 
magnesium hydride and nano-confined lithium borohydride systems, which were investigated in this 
work, are provided in Chapter 2.  The technique of electron tomography, which was used to 
investigate the shape, size, and dispersion of catalysts in the magnesium hydride systems, is also 
discussed in Chapter 2. The experimental methods and parameters used in this work are discussed 
in Chapter 3. The preparation methods used in synthesizing the samples for subsequent 
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characterization are also included. Chapter 4 discusses work performed during the development of 
electron tomography for application to the materials investigated later. Chapter 5 discusses the 
characterization of mesoporous carbon scaffolds for use in nano-confinement and the investigation 
of the behavior of nano-confined lithium borohydride during dehydrogenation. Chapter 6 discusses 
the effect of high-energy ball-milling duration on the morphology, microstructure, and catalyst 
dispersion of nickel-doped magnesium hydride and how it evolves with dehydrogenation. The effect 
of the form in which the catalyst is introduced – elemental Ni nanopowder or anhydrous NiCl2 – 
and how the resulting structure evolves with hydrogen desorption is also discussed. Chapter 7 
discusses the effect of high-energy high-pressure ball-milling duration on the morphology, 
microstructure, and catalyst dispersion of TiH2-doped magnesium hydride. A comparison with the 
Ni-doped material of Chapter 6 is also included. A summary of the work presented in this thesis is 
included in Chapter 8 along with concluding remarks.  
 The hydride materials investigated in this work were produced by various collaborators. The 
party responsible for each specimen is noted in the appropriate preparation section of the 
experimental methods section of Chapter 3. Except where explicitly indicated in the text, this 
dissertation is the result of my own work. 
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CHAPTER 2 
 
BACKGROUND 
 
This background chapter briefly discusses various possible hydrogen storage methods that 
have received attention and their relative strengths and weaknesses. Section 2.1 covers the six primary 
hydrogen storage methods: compressed gas, liquid hydrogen, and the four solid-state methods: 
sorbents, conventional metal hydrides, complex metal hydrides, and chemical hydrides. Section 2.2 
more thoroughly discusses nano-confinement, one of the approaches used to improve the 
performance of metal hydrides. Section 2.3 includes a more detailed review of the prior work 
performed on the particular hydride systems (nano-confined LiBH4 and MgH2) investigated in this 
dissertation. Section 2.4 provides information about the principles, limitations, and uses of electron 
tomography. 
 
2.1 Hydrogen Storage Methods 
 
Due to its lower critical point, 33K, hydrogen is a gas under ambient conditions, which 
poses a challenge for mobile hydrogen storage applications. In this state, the 5 kg of hydrogen 
required by the DOE travel range targets would occupy 55.6 m3, equivalent to a spherical balloon 
over 4.7 m in diameter, clearly an impractical situation for non-zeppelin vehicles. A means of 
increasing the density of stored hydrogen is necessary if the volumetric targets are to be met. This can 
be accomplished either by compressing the hydrogen gas, reducing its temperature to below the 
critical point to liquefy it, or by interacting the hydrogen with another material to reduce the 
repulsion between hydrogen atoms. For automotive use, the system must also be sufficiently 
lightweight, and the storage method must uptake and release hydrogen reversibly at reasonable 
temperatures and pressures, as discussed in Section 1.2. A variety of approaches for onboard mobile 
hydrogen storage have been proposed [1-4], including compressed hydrogen gas, cryogenic liquefied 
hydrogen, adsorption of hydrogen onto high surface-area materials, and various forms of metallic 
hydrides, all of which will be discussed in the following subsections. Figure 2.1, adapted and 
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expanded from Züttel [5], compares these methods by plotting the gravimetric and volumetric 
hydrogen storage capacities of example systems and materials. The DOE targets have also been 
marked on the plot along with select hydrocarbons to represent existing fossil fuels. Gasoline is 
represented by liquid octane (C8H18), which contains approximately 15.9 wt% hydrogen (111.6 kg 
H2/m3). Natural gas is represented by liquid methane (CH4), but it should be noted that, like 
hydrogen, natural gas is gaseous under ambient conditions.  
 
2.1.1 Compressed Gaseous Hydrogen 
 
The most mature and technically simple hydrogen storage technology is the compression of 
hydrogen gas in high-pressure cylinders. The technology is well understood and there are no 
significant thermodynamic or kinetic barriers to hydrogen uptake or release. While traditional steel 
cylinders are typically pressurized to around 20 MPa, lighter-weight carbon-fiber-reinforced 
composite tanks can be pressurized up to around 80 MPa yielding a storage density 36 kg H2/m3. 
With high-pressure tanks, however, there is a tradeoff between the metrics of storage capacity: as the 
hydrogen pressure is increased (higher volumetric capacity), the walls of the pressure vessel must be 
made thicker, which reduces the gravimetric capacity. Most current hybrid fuel-cell/battery passenger 
car designs use carbon-composite tanks pressurized to between 35-70 MPa [6, 7]. A 70 MPa tank 
with a 110 kg cylinder weight translates to 6 wt% and 30 kg/m3 of hydrogen [3]. As is seen in Figure 
2.1, however, regardless of the pressure chosen, the capacity of compressed gas is still too low to meet 
the DOE requirements. At 80 MPa, the energy density, 4.4 MJ/L, is much lower than that of 
gasoline, 31.6 MJ/L [8]. Hydrogen released from the tanks at such high initial pressures is 
incompatible with fuel cells. The pressure also continuously decreases with use, so additional pressure 
regulation mechanisms are required. Pressurizing the tanks is in itself an energy-intensive process, 
consuming the energy equivalent of 10-20% of the amount of energy obtainable from running the 
hydrogen through a fuel cell [2]. Despite these issues, a pressurized tank system is currently the 
system of choice in Europe and Asia for commercial hydrogen-powered vehicles anticipated in the 
2015 timeframe.  
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2.1.2 Cryogenic Liquefied Hydrogen 
 
Although the volumetric density of liquid hydrogen, 70.8 kg/m3, and its resulting energy 
density, 8.4 MJ/L, are roughly double that of gaseous hydrogen [8], a boiling point of 21.2K 
necessitates cryogenic storage. Because of the low critical temperature of 33K, liquid hydrogen must 
be stored in tanks open to the environment to avoid dangerous over-pressure and rupture [3]. 
Unavoidable heat transfer through the containment vessel, however, means the tanks experience a 
continuous boil-off of liquid hydrogen; a typical tank with a 50 m3 storage volume would experience 
about a loss of 0.4% per day [5]. Unfortunately, boil-off losses are worse for smaller vessels, such as 
those suitable for automotive applications, due to the higher surface-area-to-volume ratio. The 
liquefaction process; even more energy-intensive than compression, is another major concern, 
consuming the equivalent of 25-40% of the energy obtainable from the hydrogen [2] and 
significantly driving up the hydrogen costs of this approach. Thus, even though cryogenically stored 
liquid hydrogen satisfies the FreedomCAR requirements for fuel capacity, operational temperature 
and pressure, flow rate, and filling time, the loss due to boil-off and energy production cost are likely 
to limit the use of liquefied hydrogen. However, it is noted that some preproduction vehicles with 
bivalent internal combustion engines – capable of burning both hydrogen and gasoline – utilize a 
liquid hydrogen system [9]. 
 
2.1.3 Sorbents 
 
 Another method of storing hydrogen is to adsorb it onto materials with high surface areas. In 
these systems, the hydrogen gas molecules interact with the surface of the sorbent via weak van der 
Waals forces. The interaction potential is such that the preferred distance of a physisorbed hydrogen 
molecule to the sorbent’s surface is roughly one molecular radius, and the binding energy is typically 
only 1-10 kJ/mol H2 [3]. Once a monolayer of adsorbed hydrogen forms, the remaining molecules 
of gas must interact with the surface of that first adsorbed monolayer instead of the sorbent. The 
amount of hydrogen adsorbed in this second layer of adsorbate is proportional to the specific surface 
area of the host material, and its binding energy is similar to the latent heat of sublimation or 
vaporization of adsorbed hydrogen [10]. The weak nature of the bonding means that significant 
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physisorption is only observed at low temperatures,  below 100 K [5]; the amount of adsorbed 
hydrogen decreases drastically as temperature increases, typically to 1 wt% or less [3, 11].  
Much of the work in this area has focused on various carbon structures – active carbon [12], 
planar graphitic structures [13-15], and carbon nanotubes [14, 15] in particular – but hydrogen 
adsorption onto other materials, such as zeolites [16] and metal-organic frameworks [17] have also 
been investigated. The primary advantages of physisorbed hydrogen storage systems are their 
relatively low cost, reasonable volumetric densities, and their simple design. The potential sensitivity 
to impurities and inability to exhibit substantial storage capacity and reversibility in the required 
temperature ranges [18-20] currently outweighs these benefits, making such systems unattractive for 
automotive applications. 
 
2.1.4 Conventional Metal Hydrides 
 
 In metallic hydride storage systems, hydrogen atoms (not molecular hydrogen) are stored in 
the octahedral and/or tetrahedral interstitial sites in the metal lattice. The host metal is an 
“interstitial hydride” or “physical metal hydride” (e.g. LaNi5, ZrV2) if its crystal structure does not 
change when the hydrogen is inserted; if a new structural form is created, it is called a “structural 
hydride” (e.g. AlH3, MgH2) [2, 4]. A summary of well-known metal hydrides and their properties 
was compiled by Sandrock and Thomas [21]. As a class, metal hydrides typically have high 
volumetric capacities; LaNi5 possesses the highest density of stored hydrogen at 115 kg/m3 [3]. 
However, one of two problems prohibits the use of all metal hydrides in mobile applications. All the 
metal and intermetallic hydrides that exhibit sufficiently fast hydrogen absorption and desorption 
kinetics under ambient temperatures and pressures are composed of transition metals and/or rare 
earth metals, with very high atomic masses relative to that of hydrogen. This limits the achievable 
gravimetric capacities of these materials to 2% or below. Much higher gravimetric capacities are 
achievable using lighter elements (e.g. Ca, Mg, Al), but these all have problematic thermodynamics; 
they are either too stable or too unstable [1]. To operate in the target ranges specified by the DOE, 
reaction enthalpies of 15-24 kJ/mol H2 are necessary [11]. Alane (AlH3) which boasts a mass density 
of 10 wt% hydrogen, has such weak binding energies, with a desorption enthalpy of only 5-8 kJ/mol 
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H2, that it is not reversible under practical pressures [22]. The binding energy of magnesium hydride 
(MgH2), on the other hand, which also has a high gravimetric capacity of 7.6 wt%, is too strong, 
with a desorption enthalpy of 74.7 kJ/mol H2 [23], requiring temperatures 300 °C or above to 
release sufficient hydrogen. A selection of metal hydrides are compared on a van’t Hoff plot in Figure 
2.2, which clearly shows the tradeoff between desirable thermodynamics and desirable material 
weight. Still, these systems show reasonable cycling stability, are safe, and relatively compact so much 
effort has been employed to finds methods to increase the performance of the light-element systems. 
Alloying has been shown to improve the thermodynamics through destabilization [24]. Forming 
micro- or nano-structured hydrides through either chemical or mechanical means enhances the 
uptake and release kinetics without negatively impacting the thermodynamics [25-27]. Finally, the 
addition of small amounts of catalyst has also led to significant improvements in the kinetics [28-30] 
and is often employed in conjunction with nano-structuring. The MgH2 system, the most promising 
of the light metal hydrides, is discussed in greater depth in Section 2.3. 
 
2.1.5 Complex Metal Hydrides 
 
Complex metal hydrides are composed of light alkali and alkali earth metal cations (e.g. Li, 
Na, Mg, Ca) ionically bonded to anion hydrides complexes (e.g. AlH4-, NH2-, BH4-) in which the 
hydrogen is covalently bonded to the central atom. Because of the low atomic masses of the 
constituent elements and the high number of hydrogen atoms per complex, complex metal hydrides 
generally have both high gravimetric and volumetric hydrogen storage capacities – the highest 
reversible mass density currently is LiBH4, with 18.5 wt% and 120 kg H2/m3 hydrogen capacity [4]. 
The strong bonding character of these materials, however, results in unfavorable hydrogen reaction 
thermodynamics and slow uptake and release kinetics. Although the first complex hydride was 
reported over 70 years ago [31], the high desorption temperatures (often hundreds of degrees 
Celsius) and apparent irreversibility [11] meant that they did not receive consideration as a hydrogen 
storage medium until 1996, when Bogdanović et al. discovered that doping NaAlH4 with TiO2 
depressed the decomposition temperature and enhanced the reversibility of the material [32]. 
NaAlH4 undergoes a two-step thermal decomposition: 
 12 
 
( )° + +
4 3 6 2
185 1 2NaAlH Na AlH Al H
3 3
C g    (2.1) 
( )° + +
6 2
25
3
01 1 1Na AlH NaH Al H
3 3 2
C g     (2.2) 
The first step (Equation 2.1) releases 3.7 wt% of hydrogen at 185°C and the second step (Equation 
2.2) releases 1.8 wt% hydrogen at 250°C for a total yield of 5.5 wt% hydrogen [33, 34]. This 
discovery sparked more than a decade of intense research into finding ways to improve the 
thermodynamics and kinetics of these systems and the development of new complex metal hydrides. 
More detailed overviews of the complex metal hydride systems investigated for hydrogen storage can 
be found in references [27, 35, 36]. As with the conventional metal hydrides, various approaches 
have been pursued to enhance their performance including the addition of catalysts [37, 38], 
destabilization via alloying [39-41], nano-structuring and reduction of particle size [42], and the 
discovery of new kinds of complex hydrides [43, 44].  
Since complex metal hydrides decompose into several phases upon liberating hydrogen, 
typically in complicated multi-step decompositions, much remains unknown about their 
uptake/release kinetics, thermodynamic stability, and reversibility processes and behavior. Studying 
these systems is further complicated by their reactivity: the hydride ion (H-) and the alkali and alkali 
earth elements render the complex hydrides highly sensitive to air and water. The LiBH4 system, 
which was one of the materials investigated in this study, is discussed further in Section 2.3 
 
2.1.6 Chemical Hydrides 
 
Chemical hydrides, like complex metal hydrides, typically have high gravimetric and 
volumetric capacities due to their use of light elements (e.g. Na, B, C, N). They typically operate 
under ambient conditions, with operating temperatures often below 80 °C [4]. Hydrogen is released 
through direct heating, hydrolysis, or through a catalyst reactor. The amine boranes have shown the 
most potential, since boron and nitrogen compounds are very light and contain relatively high 
amounts of hydrogen. Ammonia borane (NH3BH4) in particular has garnered interest, as it 
thermally decomposes to release 19.6 wt% or 150 kg H2/m3 of hydrogen [45, 46]. Most chemical 
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hydride reactions, however, are either highly exothermic or endothermic, resulting in the formation 
of very stable dehydrogenation products, so that unlike metallic hydrides they are not on-board 
reversible and must be removed for off-board regeneration [45]. The process for converting reaction 
products back into a hydrogen-containing fuel is very energy intensive, which, coupled with the 
complex storage system components required, currently limits their practical application. 
 
2.2 Nano-confinement of Light Metal Hydrides 
 
 Despite extensive efforts and the discovery of a great many new hydride systems, no catalyzed 
or destabilized alloy hydride material has yet been found that fully meets the thermodynamic and 
kinetic demands of automotive fuel cell hydrogen storage. The sluggish kinetics partially arise from 
the highly directional ionic and covalent bonding present in these materials, unlike the metallic 
bonding of the interstitial metal hydrides. The structural transitions incurred in the hydrogen 
exchange reactions involve unfavorable high-energy configurations, producing high energy barriers to 
diffusion and slow diffusion rates. While catalysts have greatly improved the reaction rates in many 
materials, because solid-state atomic diffusion is a bulk process whereas catalysts tend to act at 
surfaces, their effects alone may be insufficient to meet DOE targets.  
A combination of first-principles calculations and experimental efforts have predicted and 
shown significant gains in overcoming these kinetic challenges in certain hydride materials when 
reduced to nano-scale particle sizes, through the increase in surface area, increase in interfacial 
contact, and decrease in diffusion distances [25, 42, 47-49]. High-energy mechanical ball-milling has 
been a common method of synthesizing and reducing the particle size of these materials [26], 
however, the minimum crystallite sizes achieved by this technique are around 10 nm at best. This is 
too large to take advantage of the thermodynamic benefits predicted by theory at particle sizes of a 
few nanometers or below [25, 47]. Furthermore, sintering or agglomeration of the nano-particles 
during hydrogen cycling could result in an effective coarsening of particle size and a concomitant loss 
of the benefits attained at the nano-scale.  
In recent years, the confinement of hydride storage materials within nanoporous scaffolds has 
been pursued as an alternative means to take advantage of the enhancement of the kinetics attributed 
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to nano-scale particle sizes. By infiltrating the storage medium into the pores and passages of these 
scaffolds, the particle dimensions of the hydride are constrained and diffusion of component atoms 
following dehydrogenation is restricted, limiting phase segregation in multiphase systems and 
thereby maintaining increased interfacial contact between reactants. The host structure could also 
inhibit sintering of hydride nanoparticles. Carbon-based nano-structured scaffolds made from 
activated carbon [50], carbon aerogels [51-53], carbon nanofibers [54], and carbon nanotubes [55] 
have garnered the most attention due to their thermodynamic and kinetic stability and ease of 
production. Other systems, such as mesoporous carbon [56], mesoporous silica [57], and metal-
organic frameworks [17], have also been considered. Improved performance over bulk or ball-milled 
hydrides, represented by decreases in dehydrogenation temperatures by up to 150°C [50] and over 
50 times greater dehydrogenation rates [51], has been reported.  
Unless the host scaffold also stores hydrogen, the weight of the scaffold only detracts from 
the gravimetric storage capacity of the infiltrated hydride. Currently, no scaffolds have been found 
that are sufficiently stable while also storing hydrogen. Thus, a hydride with storage capacity 
sufficiently above the DOE targets and able to accept the reduction resulting from nano-
confinement is needed. For this reason, LiBH4 is among the most promising options and is discussed 
in greater depth in Section 2.3. 
 
2.3 Selected Light Metal Hydrides for Study 
 
 This section discusses the material systems selected for study in the current work: nano-
confined LiBH4, Ni-doped ball-milled MgH2, and TiH2-doped ball-milled MgH2. These materials 
were chosen for their high storage capacities and potential to satisfy the DOE targets, though each 
faces challenges that currently hinder their practical use. The prior body of work performed on each 
of these materials is described along with the unresolved questions regarding their behavior that 
served as the basis for the current work. 
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2.3.1 Magnesium Hydride 
 
Magnesium hydride (MgH2) has garnered significant attention as a promising hydrogen 
storage candidate. It possesses a high theoretical capacity of 7.6 wt% and 110 kg/m3 hydrogen, 
showing the potential to achieve the DOE targets. Because magnesium is abundant (2.5% of the 
Earth’s surface composition and effectively limitless in sea-water) and its production is an established 
industry, material costs are low. It is also non-toxic and relatively safe upon oxidation.  The Mg-H 
bonding of MgH2, however, is ionic [58], resulting in high diffusion barriers and sluggish kinetics. 
The high thermodynamic stability of MgH2 is reflected in the large, positive reaction enthalpy of 
74.7 kJ/molH2 and reaction entropy of 130 kJ/Kmol [23] for decomposition, Equation 2.3. 
+2 2MgH Mg H      (2.3) 
To achieve acceptable hydrogen release pressures requires a temperature of 300-400 °C and 
hydrogenation requires temperatures in excess of 300 °C and pressures around 20 bar [30, 59-63].  
 
2.3.1.1 Methods for Improving the Thermodynamics 
 
Alloying magnesium with other elements that form less stable hydrides than MgH2, and thus 
lower the reaction enthalpy, is one approach for improving the thermodynamics of the system [24, 
64, 65]. Transition metals (e.g. Ni and Fe) [27, 64, 65], Si, and LiBH4 and other complex metal 
hydrides [66, 67] have seen the most investigation. Destabilization by alloying, however, has not 
shown much promise, due to a limited reduction in reaction enthalpy (e.g. Ni, Fe, Si), too low 
hydrogen capacity (e.g. Ni, Fe, Si), and/or irreversibility due to the stability of intermediate states 
(e.g. Si, LiBH4) during decomposition. 
 Forming nanocrystalline MgH2 has also been proposed to improve the thermodynamics over 
bulk MgH2. A nanocrystalline structure possesses a high number of grain boundaries and defects, 
whose excess enthalpy could help destabilize the strong M-H bond [68]. Theoretical calculations 
have predicted significant reductions in reaction enthalpy for MgH2 nanocrystals a few nanometers 
or smaller in size [25, 47]. The viability of this approach is highly doubtful, however, since the 
nanoscale crystals are unstable and recrystallize rapidly even with moderate heating during the first 
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cycle, resulting in no appreciable thermodynamic improvement over polycrystalline MgH2 [25, 69, 
70]. 
 
2.3.1.2 Method for Improving the Kinetics 
 
The hindering factors behind the sluggish kinetics of uptake and release in the MgH2 system 
are generally accepted to be: the poor dissociation rate of hydrogen at the magnesium surface [71, 
72], the low diffusion rates of hydrogen in Mg and MgH2 [73-76], and the presence of an oxide 
layer [75, 77].  
 The low sticking probability and high energy of splitting molecular hydrogen at the Mg 
surface (432 kJ/molH2) greatly hinders the chemisorption of hydrogen [72]. This process is greatly 
enhanced by the addition of various catalysts, primarily transition metals (e.g. Ti, Fe, Ni, Nb, V, Pd) 
[29, 38, 78], transition metal oxides (e.g. Nb2O5, Cr2O3) [69, 79, 80], and intermetallic compounds 
(e.g. FeTi, LaNi5, TiMn2) [81-83]. While the exact roles the catalysts play are to some degree 
uncertain, especially for the oxides, it is believed that the transition metals facilitate uptake and 
release by acting as hydrogen pumps [30, 84, 85]. The d-orbitals of these metals interact with the 
antibonding orbital of H2, resulting in their excellent hydrogenation properties, unlike Mg, which 
lacks these d-orbitals. Transition metals and their oxides have rendered the greatest kinetic 
improvement, particularly Nb2O5 and TiH2. Typically, only small amounts, a few atomic percent, of 
these additions are required to achieve significant enhancement of sorption properties.  
 Once molecular hydrogen has been split and the atomic hydrogen chemisorbed onto the 
surface, it diffuses into the Mg until the nucleation and growth of the MgH2 phase occurs [86]. This 
process is strongly dependent upon temperature and pressure. During absorption at high 
temperatures and pressures, nucleation and growth occurs quickly at the surface, resulting in a 
hydride shell at the surface, which hinders subsequent hydrogenation of the core due to the low 
diffusion coefficient of hydrogen in MgH2 (1.5x10-16 m2/s) [87]. At low temperatures and pressures, 
the hydride phase forms in the interior of the Mg particles, and the reaction is slowed by the low 
diffusion coefficient of hydrogen in Mg (4x10-13 m2/s) [88]. These situations are reversed for the 
dehydrogenation reactions. Various approaches have been taken to reduce the activation energy of 
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hydrogen sorption and thus enhance the kinetics, currently the most effective of these is the 
reduction of crystallite and particle size through mechanical milling. Nanocrystalline MgH2 
produced by high-energy ball-milling exhibits faster absorption and desorption kinetics, without the 
need for activation cycles, than bulk or larger-grained polycrystalline Mg [89-91]. Reductions in 
activation energy of 40-60 kJ/molH2 have been reported [90, 92]. These enhancements from 
mechanical milling are attributed to the reduction in particle size, which decreases the diffusion 
distance for hydrogen [93]; the increase in specific surface area [94]; and the formation of defects. 
High-energy ball-milling has the added benefit of being a relatively simple process, and thus has 
become the primary method for producing many hydride materials for hydrogen storage. However, 
control over specific particle size with ball-milling is poor, and particle sizes are typically >100 nm 
with significant agglomeration, making ball-milling alone insufficient to reach the performance 
targets [25, 69]. For this reason, milling is typically combined with the addition of catalysts to take 
advantage of both enhancement effects. 
 Lastly, the existence of an oxide shell on the Mg/MgH2 particles, observed even when 
produced under ultra-clean conditions [95], also hinders hydrogen dissociation and the diffusion of 
hydrogen into/from the underlying Mg/MgH2 [77]. Mechanical milling is believed to assist in 
overcoming this to some degree, as mentioned above.  
 
2.3.1.3 Microstructure and Catalyst Dispersion in MgH2 
 
 Experimental and computational studies have indicated that the location of the catalytic 
additives – e.g., on the surface, at interfaces, or inside the particles; well-dispersed or agglomerated – 
can play a large role in their ability to enhance the kinetics of magnesium and magnesium hydride 
[84, 96-98]. The small amount of catalyst required, typically a few atomic percent, makes it all the 
more important to know where the catalyst resides. As high-energy ball-milling has become the 
primary method for synthesizing these materials it is imperative to understand how effective the 
technique is at dispersing the catalyst to where it needs to be and the modifications it makes to the 
system microstructure in order to optimize that synthesis. 
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 In the cases where characterization other than hydrogen testing was performed, XRD and 
SEM are the most common methods used for examining the morphology and microstructure of 
these systems.  XRD, however, cannot provide direct information about catalyst location, and SEM 
is limited in the achievable resolution and restricted to examining particle surfaces – interior 
structure and dispersion remain unknown. TEM has occasionally been used to examine these 
materials, however, the through-thickness projection nature of TEM micrographs, particularly at the 
low magnifications typically used in these studies [99-101], complicates the interpretation, leaving 
the actual catalyst location ambiguous. 
Zaluska et al. examined palladium in ball-milled Mg using SEM and SEM-EDS to 
determine the distribution of the Pd and its effects [89]. From these images, Figure 2.3, they claim a 
uniform distribution of ~ 10 nm Pd particles on the Mg surface, and offer this as support for the 
"gateway" or "spillover" mechanism, where the catalyst acts as a hydrogen pump on the surface, 
passing hydrogen to the poorly dissociating Mg. The images, however, provide a very limited 
understanding of the actual catalyst dispersion at the surface, much less the particle interior.   
 Hanada et al. investigated a range of transition metal catalysts ball-milled with MgH2 [38], 
finding that nanocrystalline Ni yielded the greatest kinetic enhancement of those tested. They 
claimed that with shorter milling times, only a small amount of catalyst was needed as the metal was 
uniformly dispersed on the Mg particle surface. The low resolution of the SEM and EDS 
micrographs offered to support the claim of “homogeneous” dispersion, Figure 2.4, however, makes 
conclusive identification of the Ni and its location difficult. An increase in the desorption 
temperature, but a narrowing of the desorption peak, was observed with increasing milling time, 
Figure 2.5, but the microstructural reasons behind it were not pursued. The microstructural and 
morphological effects and catalyst dispersion of ball-milling MgH2 with Ni catalyst as a function of 
milling time were investigated in the current work and is presented in Chapter 6. 
 A study by Aguey-Zinsou et al. of MgH2 ball-milled with 17 wt% Nb2O5 revealed a 
significant reduction in desorption temperature as well as kinetic gains [70]. Additionally, the 
desorption temperature and kinetics were both seen to improve with milling time, with the 
desorption temperature reaching a level state around 100 hrs, Figure 2.6. The very low magnification 
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SEM images provided, Figure 2.7, however, yielded little insight into where the Nb2O5 catalyst 
resided and how this changed during milling, restricting the ability to conclude much beyond a 
particle size reduction and increase in surface area. 
 Choi et al. [99] reported a significant decrease in hydrogen desorption temperature with 
high-energy high-(hydrogen) pressure (HEHP) ball-milling duration of MgH2 + 0.1 TiH2, Figure 
2.8a, but only up to 4 hours. By 8 hours, this onset temperature had returned to the original un-
milled state. The small increases in average grain size beyond 4 hours, Figure 2.8b, were not 
sufficient to explain this behavior. The provided TEM micrograph of the material, Figure 2.9a, as 
well as those from Lu et al. [100], who investigated this same material, Figure 2.9b-c, are limited by 
their resolution and projection ambiguity and could not provide much insight into the increase in 
desorption temperature beyond 4 hours of milling. This issue was investigated in the current work 
and is presented in Chapter 7. 
Cuevas et al. investigated MgH2 ball-milled with varying TiH2 content [85]. They attributed 
the large enhancements measured – up to 20x faster reaction times at 300 °C with 0.7 MgH2 + 0.3 
TiH2 over non-catalyzed Mg powder – to the TiH2 hindering MgH2 grain growth and acting as a 
gateway for hydrogen dissociation and diffusion. The provided SEM and XRD observations, Figure 
2.10, while noting a reduction in MgH2 grain coarsening and a formation of nano-sized MgH2 and 
TiH2 phases, were limited in the understanding of catalyst dispersion. They proposed that the TiH2 
may be assisting with nucleation and growth at the interfaces, but admitted that more investigation 
into the catalyst location was required. 
 
2.3.1.4 Evolution of Microstructure with Cycling 
 
 Another important consideration is how the as-synthesized structure and catalyst dispersion 
evolve during hydrogen cycling and whether a desirable structure can be retained. In order to be 
practical for hydrogen storage applications, the material must possess a sufficient consistency of 
performance throughout the entire lifetime of the system. Thus, the structural evolution of the 
hydride and catalyst during hydrogen uptake and release is of critical interest.  
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 Dehouche et al. [102] studied the long-term cyclic stability of ball-milled MgH2 + 0.02 
mol% Cr2O3 and observed decreasing hydrogen desorption performance by a factor of four over 
1000 cycles. Absorption behavior initially showed a slight improvement from 1 to 500 cycles 
followed by a slight decrease from 500 to 1000 cycles. They noted that while this could partly be 
explained by a coarsening of MgH2 grain size, from 21 to 84 nm, it remains uncertain to what 
degree the catalytic ability of the additive degrades over this period and why the desorption behavior 
was  affected more. No microstructural characterization was performed other than XRD to assess the 
grain size. 
 In their investigation of MgH2 ball-milled with 2 mol% of nano-crystalline Ni, Hanada et al. 
[38] noted an increase in desorption temperature and a decrease in desorption rate and storage 
capacity as early as the second cycle, Figure 2.11. This was attributed to the growth of Mg2Ni in the 
boundaries between the MgH2 and Ni phases during desorption, but no micrographic support for 
this was provided. The current work investigates the microstructural evolution of Ni-catalyzed MgH2 
during dehydrogenation and is presented in Chapter 6.  
 Both Choi et al. [99] and Lu et al. [100] found that HEHP ball-milled MgH2 + 0.1 TiH2 
exhibited excellent cyclic stability with no capacity loss over 200 cycles and only a slight decrease in 
kinematics over 80 cycles. This was attributed to the TiH2 nanoparticle catalyst being distributed 
uniformly “among” the MgH2 particles. The included SEM micrographs of the material with 
cycling, Figure 2.12, do not actually show the location of the catalyst and are too low in 
magnification to provide any understanding of the system microstructure and evolution. The 
evolution of this material with hydrogen desorption was studied in the current work and is presented 
in Chapter 7. 
In studying MgH2 ball-milled with 10 wt% Cr2O3 nanopowder, Polanski et al. [101] 
observed a gradual loss of capacity with cycling, from 5.2 wt% to 4.6 wt% after 75 cycles, and an 
increase in the desorption temperature. Focused ion beam (FIB) milling was used to extract cross-
sectional samples from particle agglomerates, allowing for a greater degree of interior characterization 
using BF-STEM, Figure 2.13a, and EDS, Figure 2.14. This revealed a sintering of MgH2 and what 
appeared to be a segregation of Cr2O3 particles to the interfaces between MgH2 particles, Figure 
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2.13b. The sintering was proposed as one reason for reduced catalytic activity. However, this level of 
characterization is absent for the initial state of the material, leaving what aspects of the 
microstructure actually changed in doubt.   
 Montone et al. [103] studied the microstructural and kinetic evolution of MgH2 with 5 wt% 
Fe catalyst, seeing an improvement in desorption kinetics that stabilizes by the tenth cycle, and a 
slight deterioration in absorption. SEM images showing surface protrusions and “wormlike 
structures” with no catalyst particles present were observed after several cycles, Figure 2.15. This was 
suggested to be interior hydride forcing itself through the MgO crust and leaving behind the catalyst, 
which was used as an explanation for what appeared to be partially empty shells, Figure 2.16. This 
does not correlate with the stability of cycling measured, and as the same particles are not followed 
through cycling, there is uncertainty in how these structures form. In the current work, the 
formation of this kind of structures was found to occur by a different mechanism, as discussed in 
Chapters 6 and 7.  
 
2.3.1.5 Summary and Goals of Work 
 
 Although extensive study of the hydrogen performance of MgH2 has been performed, the 
characterization of the morphology, microstructure, and catalyst dispersion lags behind. Several of 
the deficiencies are noted in the previous subsections. Claims are made of catalyst dispersion and 
relation to the MgH2 particles using micrographs of too low resolution or distinguishability to 
support them. In particular, characterization of catalyst location in three-dimensions, not just the 
surface, is almost entirely lacking. This is especially pressing in light of the potential differences in 
catalytic activity depending on location. The evolution of the microstructure and catalyst dispersion 
with hydrogen cycling also requires further research and is necessary for understanding why some 
systems show good stability and others poor. Electron microscopy and tomography will be used in 
this work to fully answer the question of catalyst location in Ni-doped and TiH2-doped MgH2. In 
situ TEM heating experiments will be conducted to probe the microstructural changes occurring 
during hydrogen desorption and provide a potential explanation for the differences in cyclic stability. 
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2.3.2 Lithium Borohydride 
 
 Lithium borohydride (LiBH4) possesses one of the highest theoretical gravimetric hydrogen 
capacities (18.5 wt%) and a very high volumetric capacity (121 kgH2/m3) [36, 104] with the 
following decomposition reaction: 
+4 2LiBH LiB 2H      (2.4) 
As with many other of the complex hydrides, the covalent and ionic bonding of LiBH4 necessitates 
temperatures around 460 °C to dehydrogenate and only rehydrogenates at 600 °C under 35 MPa H2 
[105], and yields sluggish sorption kinetics. The actual reaction pathways of LiBH4 are complicated 
and debatable, involving multiple intermediate steps and compounds. When heated at a low rate of 
0.5 °C/min, LiBH4 exhibited three distinct desorption peaks, Figure 2.17,  indicating that the 
desorption mechanism involves at least three intermediate steps [106]. It should be noted that the 
reaction shown in Figure 2.17 did not proceed to complete decomposition to LiB, as in Equation 
2.4. The more practically achievable reaction is: 
+ +4 2
3LiBH LiH B H
2
     (2.5) 
which theoretically liberates 13.9 wt% of hydrogen, still among the highest capacities. The reason for 
this is the high stability of LiH, with an enthalpy of -181.4 kJ/molH2. Consequently, temperatures 
above 727 °C are required for decomposition, which is not practical in most applications. The 
hydrogen release reaction in Equation 2.5 proceeds at 280 °C and still releases 75% of the stored 
hydrogen. This temperature, however, is still too high and the kinetics remain slow – with an 
equilibrium pressure of only 1 bar at 400 °C [107]. Additionally, decomposition typically results in 
the formation of stable closoborane ([B12H12]-based) species [108] or diborane (B2H6) [109, 110], 
which entails an irreversible loss of capacity.  
Numerous approaches have been investigated, with mixed success, to improve on these 
properties. One method is destabilization to improve the thermodynamics of the system, by mixing 
LiBH4 with various metals [41, 111-113], amides [40, 43, 114], and hydrides [40, 41, 67, 115], to 
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form alloys or composites with lower stability. Various degrees of reduction in reaction enthalpy have 
been observed, but often these systems exhibit poor reversibility due to the formation of stable 
reaction products or desorption temperatures that remain too high. Doping with transition metal 
[116], transition metal oxide [117], and metal halide [110] catalysts has also been pursued and in 
many cases improved the kinetics and/or reversibility. Like destabilization, however, the benefits thus 
far have proven limited, enhancing only one performance aspect or producing undesirable stable 
compounds. The retention of hydrogen storage capacity with cycling with these methods also 
remains a major issue; retention above 50% at temperatures below 400 °C and pressures less than 
100 bar have not yet been obtained [36, 104]. 
 
2.3.2.1 Nano-confinement of LiBH4 
 
 Gross et al. [51, 107] infiltrated LiBH4 into carbon aerogels and mesoporous activated 
carbons and observed dehydrogenation temperatures up to 75 °C lower and dehydrogenation rates 
50-65 times faster at 300 °C than LiBH4, which had been physically mixed with non-porous 
graphite as a control sample. A greater extent of dehydrogenation was also achieved, greater than 
95% at 400 °C vs. 70% for bulk LiBH4. It was found that as the average pore size of the aerogel 
scaffolds decreased (25, 13, and 5 nm), the rate of hydrogen release increased, Figure 2.18a-d. 
Capacity retention also increased with decreasing pore size, up to 65% at the third cycle for LiBH4 
confined in activated carbon with less than 2 nm pore size compared with only 29% for bulk LiBH4, 
Figure 2.19. This is still a significant and impractical loss of hydrogen capacity with just a few cycles. 
LiH signals were still present in the XRD spectra of rehydrogenated specimens, along with a 
diminished LiBH4 signal, leading to their suggestion that during uptake smaller LiBH4 particles may 
be forming around residual LiH and B particles in the pores, hindering reformation. 
Cahen et al. [56] incorporated LiBH4 into reverse-cast mesoporous carbon with 4 nm 
diameter average pore sizes and also observed a dramatic increase in hydrogen release rates, Figure 
2.18e. Vajo [107] noted that whereas the carbon aerogels yielded a roughly constant 
dehydrogenation rate, Figure 2.18a-d, Cahen et al.’s scaffold exhibited a decreasing rate over time. 
He proposed this may be due to the differences in the pore structures of the two scaffolds: the 
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aerogel’s broad range of random connections compared with the longer, linear 1D pores in this 
material.  
LiBH4 melt-infiltrated into porous carbon scaffolds by Ngene et al. exhibited a 100-150 °C 
drop in desorption temperature along with improved reversibility [118]. A total of 5.8 wt% H2 per 
LiBH4 was observed to begin at 200 °C, reaching a maximum at 350°C. Rehydrogenation was 
accomplished at 320 °C and less than 40 bar hydrogen pressure, while negligible uptake was 
observed in LiBH4 mixed with non-porous graphite under these same conditions. The addition of 
3.75 wt% Ni catalyst to the nano-confined LiBH4 further enhanced the performance. While this 
resulted in only a slight improvement in desorption temperature, rehydrogenation was greatly 
improved, reaching 9.2 wt%. The Ni doping also provided some improvement in capacity retention, 
but noticeable loss still occurred by the second cycle. 
By using highly ordered carbon scaffolds with narrow distributions of pore diameters (2 and 
4 nm) and carbon aerogels (9, and 15 nm), Liu et al. were able to investigate the effect of pore size 
on the hydrogen reactions [119, 120]. Desorption temperatures decreased in step with decreasing 
pore size, down to 220 °C in the 2 nm specimen, Figure 2.20, and rehydrogenation proceeded at 
only 250 °C and 50 bar H2. More interestingly, the structural phase transformation and melting 
transition of the nano-confined LiBH4 shifted to lower temperatures with decreasing pore size, 
vanishing entirely with pores  less than or equal to 4 nm. The LiBH4 was decomposing at its normal 
melting temperature. The XRD signal of crystalline LiBH4 disappeared in the 2 and 4 nm scaffolds, 
indicating that LiBH4 infiltrated in sufficiently small pores may be amorphous, and may be the 
reason for the sharp decrease in desorption temperature seen in Figure 2.20. The production of 
diborane (B2H6) during decomposition also diminished along with pore size, Figure 2.21, and was 
suppressed completely in the 2 nm scaffold. This was taken to suggest that nano-confinement can 
alter the LiBH4 reaction pathways to avoid the formation of diborane and stable closoboranes. As 
with the other studies, a decrease in capacity with cycling was observed, Figure 2.22, though it 
appeared more gradual. Closoboranes and diborane were not formed, which was attributed to a 
possible sequestration of boron to the framework or segregation of boron. Another issue faced was a 
reduced practical loading limit of the scaffolds compared to estimates based on pore volume; as seen 
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in Figure 2.23, at 70% pore volume (20 wt% LiBH4) for the 4 nm scaffold, endotherms appear in 
the DSC measurements, indicating potentially incomplete infiltration.  
Gao et al. [121] discovered that by adding extra alkali metal (Li for LiBH4 and Na for 
NaAlH4) to the nano-confined hydride system, they could recover some of the significant capacity 
loses suffered. By adding ~10 wt% LiH the capacity drop for the second cycle was only from 3 wt% 
down to 2.17 wt% compared with 2.9 wt% down to 2.17 wt% without the extra Li. Only 0.35 wt% 
could be accounted for by the extra LiH material alone, indicating that the hydrogen sorption is 
somehow limited by the amount of active Li species present. The reason for this behavior, however, 
could not be explained. 
 
2.3.2.2 Summary and Goals of Work 
 
 The high theoretical capacities of LiBH4 make it an attractive storage candidate. Significant 
headway has been made in reducing impractically high sorption temperatures and pressures, but 
reversibility remains problematic. Nano-confinement has been shown to be a capable method for 
improving the sorption kinetics as well as, for sufficiently small pore sizes, suppressing the 
detrimental formation of diborane and closoborane species. Capacity retention is still poor and 
unexplained, especially in the cases where stable intermediates were not formed. The LiBH4-
infiltrated highly ordered mesoporous carbons examined by Liu et al. [120] were selected for the 
current work, which investigates the issues of capacity degradation and reduced practical loading 
limits in these systems using electron microscopy and in situ TEM heating. Plausible explanations for 
both of these issues are provided and discussed in Chapter 5. 
 
2.4 Electron Tomography 
 
This section is adapted from the following publication by Liu, House, Kacher, et al. [122]. 
Electron microscopy offers sub-Ångström lateral resolution and a wealth of structural, chemical, and 
magnetic information. An electron micrograph, however, is a two-dimensional projected image of 
the three-dimensional information as represented on the electron exit surface of the sample.  Sample 
information in the electron beam direction is lost. While not a severe handicap for some materials, in 
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the study of some nano-structured systems, such as nano-confined hydride systems and the 3D 
dispersal of catalyst particles, critical information is lost along with the third dimension. 
 The depth information can be partially recovered through use of stereographic imaging 
[123], where two images separated by about 10° to 14° are recorded and viewed simultaneously 
through a stereographic viewer.  Alternatively, the images can be superimposed, one colored red and 
the other blue to form an anaglyph which is then viewed using red-blue glasses. These approaches 
can provide three-dimensional information but are inflexible in terms of changing the viewing 
direction and options for visualizing the data are limited. Furthermore, extracting quantitative 
through-thickness information is difficult, even with prior knowledge about the system. X-ray 
topography and atom probe tomography have both been employed to image crystalline systems three 
dimensionally, however the former is limited in resolution to ≈1 µm [124] and the latter, while 
offering atomic resolution, is limited in the sample sizes and specimen types it can examine and only 
has about a 60% collection efficiency [125]. An alternative approach is to recover the through 
thickness information using the electron tomography techniques pioneered by the life sciences 
community [126-129], which allows for full 3D characterization with a resolution of 1 nm and on a 
much wider range of materials. In the last decade, electron tomography has begun to be applied in 
the physical sciences to explore a wide range of systems, such as nanoparticle catalyst morphologies 
[130, 131], magnetic domain structures [132], and dislocation/defect structures [122, 133]. 
 Good reviews of the mathematical principles behind electron tomography, including the 
algorithms used in the reconstruction of the images can be found in the following references [127, 
128, 134].  Unlike serial-section tomography, which builds a 3D model from cross-sections, electron 
tomography uses through thickness projections as the source images.  The specimen data in these 
projections do not map back directly to a single position in 3D space, but instead indicate how 
much of the electron beam has been transmitted or scattered along a straight line through the 
sample.  According to the projection-slice theorem, the projection of an object at a given angle is a 
central slice through the Fourier transform of that object.  By taking a sufficient number of 
projections over an appropriate angular range, a full description of the volume can be obtained.  
Correspondingly, by applying an inverse Fourier transform to the superposition of the Fourier 
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transformed projections, a 3D real space reconstruction of the original object can be produced.  To 
obtain an accurate representation of the volume, the acquired images must satisfy the projection 
requirement, i.e., the image contrast must vary as a monotonic function of the thickness and no 
more than one other physical characteristic.  Most electron tomograms, however, are reconstructed 
by the simpler and less computationally demanding method of weighted back-projection [135], 
which is based on the fact that a point in 3D space can be uniquely defined by any three 
independent vectors that pass through it.  If the specimen is regarded as an ensemble of many points, 
then each electron micrograph is effectively one of these vectors.  By acquiring a sufficient number of 
projections of the specimen over an appropriate angular range, Figure 2.24a, and aligning them, 
Figure 2.24b, the information in the micrographs can be projected back onto the specimen center, 
recovering the 3D sample data.  This concept can be visualized by considering Figure 2.24c, in 
which the process is depicted as illuminating each aligned projection from behind and super-
positioning the resultant beams to reconstruct the original specimen structure.  Following the back-
projection, a simple weighting function is applied to the Fourier transform to compensate for the 
fact that high-frequency/high-resolution features in the specimen change faster with tilt angle than 
low-frequency/low-resolution features [135].  Without this weighting filter, the relative under-
sampling of the high frequencies causes fine spatial details to become blurred and obscured. 
 
2.4.1 Resolution-Limiting Factors in Electron Tomography 
 
 Ideally, projections should be acquired over an angular range of 180° in order to fully sample 
the entire Fourier space of the object.  However, from a practical viewpoint, the angular range is 
limited by instrumentation and sample constraints.  For example, the pole-piece gap of the objective 
lens restricts the dimensions of the sample holder with a concomitant restriction on the accessible 
angular range of tilt.  This can be overcome by increasing the gap size, which will impact the 
resolution limit, or through design of novel holders [136].  In addition, some sample forms restrict 
the accessible angular range due to shadowing effects at high tilts.  The instrument constraints are 
more important and are determining in terms of the maximum usable angular range.  
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 The limited angular range affects the fidelity of the reconstructed tomogram as a volume of 
Fourier space is under-sampled; this is referred to as the “missing wedge” of information and is 
illustrated for a single-tilt data set in Figure 2.25. As a consequence, the resolution of the 
reconstruction is degraded in those directions.  From a practical point-of-view this effect is illustrated 
qualitatively in Figure 2.26a, in which a synthetic 2D object has been reconstructed as a function of 
maximum angular range, ±α, with projections taken every 1°.  As the angular range sampled 
increases, the blurring in the under-sampled direction decreases, the resolvability of fine detail 
increases and the image solidifies.  In this case, fine details are not easily distinguishable until the 
angular range is on the order of ±70°.  
A second limitation affecting the resolution is the inability to procure an infinite number of 
projections.  With a finite number of projections, the Fourier space is sampled only at discrete angles 
as opposed to a solid wedge. This is evident by the angular gaps between the slices of the wedge in 
Figure 2.25, corresponding to the angles between the real-space micrographs. Since applying an 
inverse Fourier transform requires a continuous dataset, the missing data must be interpolated from 
the surrounding projections with further reductions in the quality of the reconstruction.  This effect 
is illustrated in Figure 2.26b, where a 2D object has been reconstructed using varying numbers of 
projections spaced evenly across a tilt range of ±90°.  The trend, as with the maximum tilt range, is 
straightforward: the greater the number of projections taken (i.e., the smaller the angular spacing 
between projections), the better the resolution in the depth direction and the higher the fidelity of 
the reconstruction. 
For a specimen tilted along a single axis, x, the resolution of back-projection reconstruction 
in the direction parallel to the tilt axis, dx, is equal to the resolution of the original micrographs, 
assuming perfect accuracy in alignment of the series.  The resolution in the directions perpendicular 
to the beam is given by the Crowther criterion [137] as: 
π
=,y z
D
d
N
            (2.6) 
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where D is the diameter of the volume being reconstructed and N is the number of equally spaced 
projections acquired over an angular range ±90°.  The resolution in the depth direction (parallel to 
the optic axis), dz, is further reduced by an elongation factor, eyz, when the maximum angular range, 
±α, is limited to less than ±90° [138]: 
α α α
α α α
+
= =
−
sin cos
sin cosz y yz y
d d e d              (2.7) 
The effect of the elongation factor is shown graphically in Figure 2.27 as a function of tilt range. The 
effective tilt limits of the TEM stage/microscope pairs used in this work have been indicated on the 
plot for reference. 
The above expressions do not apply to more advanced reconstruction algorithms, such as 
constrained and iterative techniques, but for objects where D > 100 nm Midgley and Weyland 
proposed, as a rule of thumb, that the 3D resolution is roughly D/100 [139]. Regardless, the broader 
relationship between resolution, tilt range, and number of images still holds. 
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2.6 Figures 
 
 
 
 
 
 
 
 
 
Figure 2.1. Plot of gravimetric and volumetric hydrogen storage densities for various hydrogen 
storage methods and materials. The black dotted lines demarcate the updated DOE capacity targets 
[140]. It must be noted that the DOE targets are for total system capacity, so the storage medium 
will have to be sufficiently above the listed capacities to account for the weight and volume of the 
other system components. Figure adapted and expanded from Züttel et al. [5]. 
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Figure 2.2. Van’t Hoff plot of selected conventional metal hydrides, showing their equilibrium 
hydrogen pressures and temperature ranges. The hydrogen bonding is more stable as you move to the 
left. Adapted by combining images from Züttel [3, 141]. 
 
 
 
 
Figure 2.3. SEM micrograph of (a) the as-milled system showing a Pd catalyst particle on the 
exterior surface of Mg powder, and (b) a Pd catalyst particle still remaining on the surface of a MgH2 
particle following hydrogenation. The chemical identity of the material was established using EDS 
(not shown). Reproduced from Zaluska et al. [89].  
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Figure 2.4. SEM EDS chemical maps of ball-milled MgH2 powder with 2 mol% nanocrystalline Ni 
catalyst. The individual Ni catalyst particles cannot be resolved in this image due to the low 
magnification. Reproduced from Hanada et al. [38]. 
 
 
 
 
Figure 2.5. Thermal desorption mass spectra of hydrogen for MgH2 ball-milled with 1 mol% 
nanocrystalline Ni. The mixtures were milled at 400 rpm for the listed times. The hydrogen 
desorption temperature was seen to noticeably increase with milling time. The temperature range, 
however, broadened with shorter milling time. Reproduced from Hanada et al. [38]. 
 
 44 
 
 
 
Figure 2.6.  (a) Differential Scanning Calorimetry (DSC) curves showing significant decrease in 
desorption temperature for MgH2 when ball-milled and milled with 17 wt% Nb2O5 catalyst. (b) The 
dependence of MgH2 decomposition temperature on milling duration, as measured by DSC. The 
improvement appears to level off after 100 hours. Reproduced from Aguey-Zinsou et al. [70]. 
 
 
 
 
Figure 2.7. SEM backscattered electron (BSE) micrographs of MgH2 particle morphology after ball-
milling for 200 hr (a) without and (b) with the addition of 17 wt% Nb2O5 catalyst. The 
magnification is far too low to resolve any details of Nb2O5 location with regards to MgH2. 
Reproduced from Aguey-Zinsou et al. [70]. 
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Figure 2.8. The variation of (a) the onset temperature of hydrogen desorption and (b) the average 
MgH2 grain size with milling duration for HEHP ball-milled MgH2 + 0.1 TiH2. The slight increase 
in grain size beyond 4 hours is insufficient to explain substantial regression in the desorption 
temperature. Reproduced from Choi et al. [99]. 
 
 
 
 
Figure 2.9. Bright-field (a,b) and dark-field (c) TEM micrographs of HEHP ball-milled MgH2 + 0.1 
TiH2. In (a,b) it is hard to make out the catalyst particle size, shape, and location clearly. The catalyst 
size is more easily determinable in (c), but all three still suffer from the ambiguity of 2D projection, 
making it impossible from these whether the catalyst is on the exterior surfaces, inside the MgH2 
particles, and so forth. Reproduced from (a) Choi et al. [99] and (b-c) Lu et al. [100]. 
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Figure 2.10. SEM micrographs of reactive ball-milled (1-y)Mg + yTi powders. The images show the 
material consists of micrometer-scale aggregates of particles that range down to below a few tens of 
nanometers but little else. No information about Ti catalyst dispersion can be gained. Reproduced 
from Cuevas et al. [85]. 
 
 
 
 
Figure 2.11. Thermal desorption mass spectra (upper) and thermogravimetric analysis curves 
(lower) for hydrogen release from MgH2 with 2 mol% nanocrystalline Ni catalyst. A significant 
increase in desorption temperature and degradation of hydrogen capacity are already seen by only the 
second cycle. Reproduced from Hanada et al. [38]. 
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Figure 2.12. SEM micrographs of HEHP ball-milled MgH2 + 0.1 TiH2 (a) before milling, (b) after 
4 hours of milling, and (c) after 16 hours. Apart from a significant decrease in particle size after 4 
hours of milling, no meaningful understanding of the material morphology, microstructure, or 
catalyst residence can be gained from such low magnification surface-limited images, leaving the 
reason for the vastly different performance between the material in (b) and (c) unclear. Reproduced 
from Choi et al. [99]. 
 
 
 
 
Figure 2.13. TEM micrographs of a FIB lift-out from ball-milled Mg + 10 wt% Cr2O3 following 
dehydrogenation after 150 hydrogen cycles. The lack of corresponding images for material in the as-
milled state or after fewer cycles undermines the ability of these images to support the assertion of 
catalyst segregation to MgH2 interfaces during cycling. Reproduced from Polanski et al. [101]. 
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Figure 2.14. (a) BF-STEM image and (b-d) EDS chemical maps of a FIB lift-out of the same 
material as Figure 2.13 after 150 cycles. While the cross-section through the particle provides a better 
idea of the 3D catalyst dispersion, the lack of characterization earlier in the cycling routine makes 
understanding the evolution with cycling difficult. Reproduced from Polanski et al. [101]. 
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Figure 2.15. SEM BSE micrographs of (a-c) MgH2 + 5 wt% Fe catalyst milled for 10 hours after 1, 
22, and 47 cycles at 300 °C, respectively, and (d) pure MgH2 milled for 10 hours after 22 cycles at 
350 °C. While the low magnification images still show the formation of some interesting surface 
structures, the resolution combined with the limitation of surface-only imaging hinders the 
understanding of the microstructural changes occurring. Reproduced from Montone et al. [103]. 
 
 
 
Figure 2.16. SEM micrograph of pure ball-milled MgH2 after 22 cycles, showing what appears to be 
Mg exiting an oxide crust. Reproduced from Montone et al. [103]. 
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Figure 2.17. Integrated thermal desorption curves for the dehydrogenation of LiBH4 at different 
heating rates (0.5-6 °C/min). The differential curve for 0.5 °C/min is also shown and labeled with 
hypothetical compositions at the three distinct desorption steps. The inset shows the structure of the 
intermediate phase. Reproduced from Orimo et al. [36]. 
 
 
 
 
Figure 2.18. Desorption curves for nano-confined LiBH4 at 300 °C. The curves correspond to (a) 
LiBH4 mixed with non-porous graphite; (b-d) LiBH4 infiltrated into carbon aerogels with 25,13, 
and 5 nm average pore sizes, respectively; and (e) LiBH4 infiltrated into reverse-cast mesoporous 
carbon with a 4 nm average pore diameter. Reproduced from Vajo. [107]. 
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Figure 2.19. Degradation of hydrogen capacity as a function of cycling for LiBH4 (a) mixed with 
non-porous graphite and (b-d) infiltrated into (b-c) carbon aerogels with 25 and 13 nm average pore 
sizes, respectively, and (d) activated carbon with an average pore size of 2 nm. Reproduced from 
Gross et al. [51]. 
 
 
 
 
Figure 2.20. Pore size dependence of 10 wt%  LiBH4 infiltrated into (upper two) carbon aerogels 
and (lower two) highly ordered mesoporous carbon scaffolds. Reproduced from Liu et al. [120]. 
 
 52 
 
 
 
Figure 2.21. Diborane formation and release during desorption of 10 wt% LiBH4 contained in 
(upper two) carbon aerogels and (lower two) highly ordered mesoporous carbons. The average pore 
sizes are listed in the legend. Reproduced from Liu et al. [120]. 
 
 
 
 
Figure 2.22. Hydrogen desorption curves showing the gradual degradation of capacity for 20 wt% 
LiBH4 confined in highly ordered mesoporous carbon with a 4 nm average pore size. Reproduced 
from Liu et al. [120]. 
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Figure 2.23. DSC measurements of LiBH4 confined into highly ordered mesoporous carbon with a 
4 nm average pore size at different degrees of loading, where Q = (volume of hydride)/(total pore 
volume). Q = 100% corresponds to 26 wt% for this scaffold. Two small endothermic signals appear 
by Q = 70%, suggesting LiBH4 present outside of the scaffold. Reproduced from Liu et al. [120]. 
 
 
 
 
Figure 2.24. Schematic representation of the weighted back-projecion process. (a) Images are 
acquired at regular intervals over the tilt range ±α°. (b) These images are then aligned and the tilt axis 
determined. (c) The images are back-projected, with a weighting factor, towards the center to 
produce a tomographic reconstruction of the original object. 
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Figure 2.25. Representation of the Fourier transform of a single-axis tilt series, acquired over the 
angular range ±α°, showing the “missing wedge.” 
 
 
 
 
 
 
 
 
 
 
 
 
 
 55 
 
 
 
 
 
 
 
 
 
 
Figure 2.26. Tomographic reconstruction of a synthetic 2D object showing the effects of 
degradation in the reconstruction due to (a) limited tilt range and (b) limited number of images. (a) 
shows the reconstructions for limited angular ranges ±α° with an image taken every 1°. (b) shows the 
reconstructions for ±90° with a varying total number of images taken, N, evenly spaced over that 
range. 
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Figure 2.27. Plot of elongation factor, eyz, Equation 2.7, as a function of maximum tilt angle, ±α°. 
The dotted lines indicate the tilt ranges and corresponding elongation factors of the TEM stages 
used in this work, as discussed in Section 3.4.4. 
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CHAPTER 3 
 
EXPERIMENTAL METHODS 
 
In this chapter the experimental techniques used to address the questions raised in Chapter 2 
about the hydride materials selected for this work are described. The preparation of the materials 
used to develop the tomography techniques are detailed in Section 3.1 and the three selected hydride 
system selected for primary study in Section 3.2. Section 3.3 discusses the procedures used for the 
storage and handling of the samples to minimize exposure to O2 and H2O. It also details the 
methods used in preparing specimens for analysis. Sections 3.4-3.7 provide a practical discussion of 
the analytical techniques used in this work. 
 Each of the materials investigated in this work were synthesized by a different team of 
collaborators. In all three primary systems, prior study of these systems led to many unanswered 
questions about their structure and behavior.  
 
3.1 Preparation of Materials Systems Used in Electron Tomographic 
Development 
 
 The following samples were not the primary focus of the current work, and were prepared for 
examination in other experiments. These materials, however, also served as test experiments for my 
adaptation of electron tomography to this class of materials and provided valuable insight into the 
abilities and limitations of the application of electron tomography to these systems. The papers 
published using these samples are included in each subsection. Only the results of these 
investigations pertaining to electron tomography are discussed in Section 4 of the current work.  
 
3.1.1 Ag-Infiltrated Metal-Organic Frameworks 
 
Silver-infiltrated metal-organic framework (MOF) specimens were prepared by Dr. M. 
Allendorf and co-workers at Sandia National Laboratories in Livermore, California, to investigate the 
formation, dynamics, and chemistry of silver clusters and self-assembling ordered metal 
nanostructure in these frameworks. While three different MOFs were used – MOF-508, MIL-
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68(In), and Cu(BTC) – only the Ag-infiltrated MOF-508 is discussed in the current work. The 
MOFs were infiltrated using an aqueous-ethanolic solution of silver(I) nitrate, and the Ag(I) was 
subsequently reduced in the presence of EtOH to Ag(0). Two different batches of material were 
prepared, called “cured” and “uncured” in this work. The “cured” material had been solvent 
exchanged to remove residual dimethylformamide (DMF) then heated under vacuum to remove any 
remaining solvent. The complete preparation information, results, and discussions can be found in 
references [1, 2]. 
 
3.1.2 NaAlH4-Infiltrated Metal-Organic Frameworks 
 
 The NaAlH4-infiltrated MOF sample was prepared by Dr. M. Allendorf and co-workers at 
Sandia National Laboratories in Livermore, California, to study the use of MOFs for nano-
confinement of metal hydrides and the effects this has on the sorption kinetics. A Cu3(BTC)2 MOF 
was used as the scaffold, and prepared according to the procedure reported in references [3, 4]. The 
NaAlH4 was infiltrated using a solution of NaAlH4 in THF. 
 
3.1.3 Si-Destabilized MgH2 
 
The Si-Destabilized MgH2 sample was prepared by Dr. J. Vajo and Dr. S. Skieth at Hughes 
Research Laboratories [5]. MgH2, Si, and Ni nanopowder were mixed in a 20:10:1 ratio and ball-
milled in a sealed container under inert gas as described in reference [6]. 
 
3.2 Preparation of Materials Systems for Primary Study 
 
 The preparation procedures for the materials systems comprising the bulk of this work are 
discussed below. The sensitivity of these materials to O2 and H2O necessitated great care be taken in 
all preparation and analysis steps to minimize exposure. As such, all preparation steps were 
performed in inert-gas-environment gloveboxes and or in sealed vessels.  
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3.2.1 Empty and LiBH4-Infiltrated Mesoporous Carbon Scaffolds 
 
 The empty and LiBH4-infiltrated highly ordered mesoporous carbon scaffolds were prepared 
in Prof. E. Majzoub’s group at the University of Missouri-St. Louis, following the method detailed in 
references [7-9]. The scaffolds were produced using amphiphilic triblock copolymer soft templates 
and phenolic resins for the carbon precursors. Four empty carbon scaffolds were prepared, with 
differences in synthesis listed below in Table 3.1. All samples were scraped and ground into powder 
before calcination except for C1. 
 
Table 3.1. Synthesis parameters for the four mesoporous carbon scaffolds. Scaffold C4 was also 
selected for infiltration of LiBH4. 
Specimen 
Calcination 
Temperature 
(°C) 
Calcination 
Gas 
Powderized 
Before/After 
Calcination 
C1 900 Argon After 
C2 900 Argon Before 
C3 600 2.5% O2/N2 Before 
C4 1200 2.5% O2/N2 Before 
 
The small amount of oxygen introduced during the calcinations of samples C3 and C4 is used to 
increase the surface area and pore volumes, as it helps remove the block polymer template. The use of 
a higher temperature, C4 compared to C3, is expected to result in decreased pore sizes because of 
pore contraction. 
 A batch of scaffold C4 was also selected for impregnation with LiBH4, which was 
accomplished using a melt-infiltration method as detailed in references [7, 8]. The synthesized 
scaffold and the LiBH4 (95%, Aldrich) were ground by hand inside an argon-filled glovebox to 
minimize air and moisture exposure. The mixture was loaded into a sample holder that could be 
attached to a Sieverts-type (pressure-composition-temperature (PCT)) instrument, with which the 
melt-infiltration was performed, without exposing the specimens to atmosphere. The specimens were 
heated to 300 °C under 60 bar of H2 and held at that temperature for 30 minutes. The maximum 
practical fill fraction for these mesoporous scaffolds was previously determined to be 35 wt% LiBH4 
[10]. Two batches with different filling amounts (20 wt% and 30 wt%) were examined in this study. 
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 Samples of LiBH4-infiltrated mesoporous carbon scaffolds in the discharged state were also 
examined for comparison with the in situ experiments. The material for these specimens had been 
outgassed in a TQ2000 differential scanning calorimeter (DSC) in an argon-filled glovebox, where 
they were heated to 550 °C at a ramp rate of 10 °C/minute under a nitrogen flow rate of 50 
mL/min. Specimen preparation was otherwise identical to that used for the charged samples. 
 
3.2.2 High-Energy Ball-Milled Ni-Catalyzed MgH2 
 
 The specimens of Ni-doped MgH2 for the investigation of the effects of ball-milling duration 
were prepared by Dr. J. Vajo at Hughes Research Laboratories. The storage material for this work was 
prepared from magnesium hydride (MgH2, 95% purity) and Ni nanopowder (50 nm average 
diameter) from Gelest and Argonide Corp., respectively. Mixtures of MgH2 and Ni at a 20:1 ratio 
were milled in a Pulversette 6 planetary mill from Fritsch using an 80 cm3 hardened steel milling 
vessel and 30 chrome-steel 7 mm-diameter milling balls. Approximately 1 g of each mixture was 
milled at 400 rpm under argon. Three batches were prepared, which were milled for a range of 
durations: 1, 5, and 10 hours. All sample handling during preparation was performed in an argon-
filled glovebox with O2 and H2O concentrations <1 ppm. 
 An additional specimen was prepared that used anhydrous NiCl2 (99.99%, Aldrich) as the 
catalyst instead of Ni nanopowder. Preparation, storage, and handling were otherwise identical. This 
specimen was milled for 1 hour, to be used to investigate the effects the form of the introduced 
catalyst would have. 
 
3.2.3 High-Energy High-Pressure Ball-Milled TiH2-Catalyzed MgH2 
 
 The specimens of TiH2-doped MgH2 were prepared in Prof. Z. Zak Fang’s group at the 
University of Utah. 10:1 mixtures of magnesium hydride (Alfa Aesar) and titanium hydride 
(ReadingAlloy Inc.) were milled in a custom-made ultra-high-energy high-pressure (UHEHP) 
planetary ball-milling device running with an energy of 60G (1G = standard gravity) operating at 
295 rpm. 6.35 mm-diameter stainless steel grinding balls were added with a ball-to-powder ratio of 
100:1 by weight. The milling was performed in a sealed vessel with an interior atmosphere of 50 bar 
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of pressurized hydrogen. All sample handling during preparation was performed under a controlled 
atmosphere in either sealed sample cells or in an argon-filled glovebox with O2 and H2O 
concentrations <1 ppm. 
Dehydrogenation and rehydrogenation were accomplished using a PCT system. The samples 
were heated to 300 °C and de/hydrogenated by using either vacuum or 10 bar of pressured hydrogen 
gas. 
 Six MgH2 + 0.01 TiH2 specimens were investigated in this work and are summarized in Table 
3.2. Samples with three different milling durations were prepared, in order to evaluate the effects of 
UHEHP on the resulting microstructure and help explain the observed behavioral differences. The 
4- and 8-hour specimens were delivered in both the as-milled state and following a single 
dehydrogenation. Since the raw material is fully hydrogenated, the as-milled state is a fully 
hydrogenated state. The 2-hour specimens were received in the as-milled state and a partially 
rehydrogenated state – after the fourth dehydrogenation cycle. 
 
Table 3.2. Specimen preparation conditions for the MgH2 + TiH2 UHEHP-milled materials. 
Milling Time 
(hours) Delivered State 
2 As-milled 
2 Partially rehydrogenated (after 4th cycle) 
4 As-milled 
4 Dehydrogenated 
8 As-milled 
8 Dehydrogenated 
 
3.3 Material Storage and Handling 
 
 The subsequent analysis performed on each of the materials prepared according to Sections 
3.1 and 3.2 is described in Sections 3.4-3.7. This section discusses the storage and handling of the 
synthesized material along with the preparation of specimens for microanalysis. The air- and 
moisture-sensitive nature of the hydrides necessitated minimizing exposure of the specimens to the 
atmosphere.  
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All specimens were stored inside an MBraun Unilab glovebox with an interior of dry ultra-
high-purity grade argon overpressure maintained at <0.1 ppm H2O and <0.1 ppm O2 
concentrations. To ensure the integrity of the material during long-term storage, each sample was 
kept inside a screw-top glass vial, which was wrapped in paraffin wax film and loaded into larger 
screw-top glass jars along with bags of silica desiccant. Specimens stored in this manner exhibited no 
noticeable increase in oxidation. Preparation of the specimens for microanalysis, except where noted, 
was also performed inside this glovebox.  
 
3.3.1 Preparation of Specimens for Electron Microscopy 
 
 The materials examined in these studies were in the form of powders. Preparation of 
specimens suitable for examination in transmission electron microscopes were produced by the 
method diagramed in Figure 3.1. The vials in which the materials were stored were shaken, to loosen 
the material from the sides of the vial, and then tapped upside down, so that the powder gathered 
inside the cap of the sealed vial. When the vial was subsequently righted, a small amount of powder 
remained on the inside of the cap. Unscrewing and placing the cap over a holey carbon-coated Cu 
TEM specimen grid (SPI Supplies), the cap was tapped with metal tweezers, causing the adhered 
powder to drop down onto the carbon film. Any loose powder was then shaken off. Through this 
method, a fine dispersion of powder could be transferred to the TEM gird without any damage to 
the fragile carbon film. This is particularly important for in situ heating experiments, since the edges 
of broken carbon film are not fully held in place and will curl during heating, which leads to 
rotation, obscuring, or even loss of specimen particles. 
 
3.3.2 Environmental Vacuum Transfer Heating Stage for Electron Microscopy 
 
To minimize exposure to oxygen and moisture during transfer from the glovebox to the 
electron microscopes, a Gatan HHST 4004 in situ heating environmental vacuum cell transfer stage 
was utilized. This stage, shown in Figure 3.2, contains a vacuum cell built into the stage body. The 
sample holder is mounted on a sliding transfer rod, which can be retracted into the vacuum cell, 
allowing the specimen to be completely sealed off from the outside environment.  
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 For the electron microscopy experiments in this work, the stage was loaded into the 
glovebox, and the specimen loaded into the stage, which was then retracted into the vacuum cell and 
the valves sealed shut. The stage was subsequently removed and connected to a roughing pump. The 
vacuum line was evacuated and the stage vent valve opened for 1 hour, bringing the cell down to a 
roughing vacuum pump level, after which the vent valve was sealed and the stage disconnected from 
the pump. The stage transfer valve was opened once the stage was inserted into the microscope and 
evacuation of the microscope goniometer had completed. In this manner, any noticeable oxidation 
or material degradation due to exposure was minimized.  
 
3.4 Electron Microscopy Analysis 
 
Electron microscopy was used extensively in this work to characterize the microstructure and 
morphology of the selected hydride systems. It was also used to determine the size, shape, and 
location of catalyst particles. In situ electron microscopy heating experiments were utilized to explore 
how these aspects evolve during the dehydrogenation process. Two different transmission electron 
microscopy (TEM) modes were used: conventional parallel-beam TEM (CTEM) and high-angle 
annular dark-field scanning TEM (HAADF-STEM). CTEM is well-suited to observing very thin 
and/or light objects, such as the thin oxide layers on the hydrides, and features of crystallinity, such 
as grain sizes. Selected area electron diffraction (SAED), to aid in microstructural characterization, 
was also employed in this mode. HAADF-STEM is so named because the technique uses an annular 
detector with a wide central aperture to collect electrons scattered into high angles (typically 50-150 
mrad). Whereas electrons scattered at low angles are dominated by coherent Bragg scattering and 
diffraction, electrons scattered into this high angle are primarily elastic, incoherent Rutherford-
scattered electrons. Since this scattering results from the electron interacting closely with the nucleus, 
the scattering cross-section approaches that of the unscreened Rutherford differential cross-section, 
which is proportional to the atomic number squared, Z2.[11] The sensitivity of this imaging 
technique to difference in atomic mass make it useful for distinguishing between catalyst material – 
heavier transition metals – and the magnesium hydride, a light metal. Energy-dispersive X-ray 
Spectroscopy (EDS) was used to determine chemical composition and distribution.  
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 Unless otherwise stated, the following two TEMs were used. For CTEM imaging and 
electron diffraction, the primary CTEM used was a JEOL 2010 TEM equipped with a LaB6 
thermionic source. For HAADF-STEM imaging and EDS, the primary STEM used was a JEOL 
2010F S/TEM equipped with a Schottky field-emission source and an Oxford Instruments 
atmospheric thin window energy-dispersive x-ray spectrometer equipped with a Si(Li) photon 
detector. All the TEM work was performed at an operating voltage of 200 keV. 
 Additional work was performed using an FEI Tecnai F20ST S/TEM equipped with a 
Schottky field-emission source and an EDAX Sapphire Si(Li) ultra-thin window energy-dispersive 
spectrometer. This instrument is located at the Electron Microscopy Center at Argonne National 
Laboratory and was operated with the assistance of Dr. N. Zaluzec. All S/TEM analysis was 
performed at an operating voltage of 200 keV. 
  
Section 3.4 is divided into six subsections that discuss different electron microscopy 
techniques used in this work. Section 3.4.1 discusses the in situ TEM heating procedures, used to 
explore the evolution of the materials during dehydrogenation. Section 3.4.2 covers EDS, which was 
used on the MgH2-based materials to obtain microchemical information. Section 3.4.3 discusses the 
analysis of the electron diffraction patterns acquired from the materials for microstructural analysis. 
Section 3.4.4 describes the setups used for the electron tomography work. Section 3.4.5 briefly 
introduces the effect of the electron beam on the materials examined. Section 3.4.6 describes the 
SEM setup used for surface morphology and particle size analysis. 
 
3.4.1 In Situ Heating Experiments 
 
 In situ TEM heating experiments were performed to understand the microstructural and 
morphological changes that the systems undergo during hydrogen desorption. The parameters of the 
TEM heating experiments performed in the current work are summarized in Table 3.3. All heating 
was done in the vacuum transfer stage described in Section 3.3.2.  All temperatures reported in this 
study are nominal temperatures, as displayed by the temperature control unit. Previous calibrations 
of this stage found a <10 °C discrepancy between the temperatures displayed by the heating 
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controller and the temperatures measured at a Cu sample [5]. For the specimens in the present study, 
however, the actual temperature of the material is not known because other than the Cu grid, the 
material is not in direct contact with the heating element.  
 
Table 3.3. Summary of TEM heating parameters used for the experiments performed in the current 
work. *S = HAADF-STEM (JEOL 2010F), C = CTEM (JEOL 2010LaB6). †For the (R) “retracted” 
experiments, the stage tip was retracted and sealed into the vacuum cell of the stage for heating, after 
which it was returned to the observation position once cool. For the (I) “in situ” experiments, the 
stage tip was left in the observation position throughout, but the beam was moved off the material. 
‡How long the specimen was held at the target temperature once it was reached. 
Sample Imaging Mode* 
Retracted 
or in situ† 
Target 
Temperature 
(°C) 
Ramp 
Rate 
(°C/min) 
Hold 
Time‡ 
(min) 
Cooling 
Rate 
(°C/min) 
LiBH4-infiltrated mesoporous carbon scaffold 
20 wt% fill 
HS R 100 3-5 30 8-10 
HS R 200 3-5 30 8-10 
HS R 250 3-5 30 8-10 
30 wt% fill 
HS R 100 3-5 30 8-10 
HS R 200 3-5 30 8-10 
HS R 250 3-5 30 8-10 
High-energy ball-milled MgH2 + 0.05 Ni 
1-hour milled 
HS I 300 5-6 25 10 
C I 300 5-6 25 10 
5-hour milled HS I 300 5-6 25 10 C I 300 5-6 25 10 
10-hour milled HS I 300 5-6 25 10 C I 300 5-6 25 10 
High-energy ball-milled MgH2 + 0.05 NiCl2 
1-hour milled HS I 300 5-6 25 10 C I 300 5-6 25 10 
High-energy high-pressure ball-milled MgH2 + 0.1 TiH2 
4-hour milled C I 350 3 30 5 
 
 During observation prior to heating, the locations of selected particles were recorded to allow 
for reexamination of the same particles after the subsequent heating steps. In addition to revisiting 
these tracked particles, fresh particles were also examined after heating as a way of gauging whether 
any changes observed were a result of interaction with the electron beam prior to heating. Although 
the heating for the MgH2 specimens was performed with the sample holder in the observation 
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position, the stage exhibited extensive drift during heating, rendering imaging impossible. As such, 
the particles were moved out of the electron beam during heating, to avoid unnecessary exposure and 
potential beam damage. Even after the applied heating voltage was removed, an additional 30-60 
minute waiting period was required to allow the drift to settle sufficiently to acquire images.  
 
3.4.2 Energy-Dispersive X-Ray Spectroscopy 
 
 Energy-dispersive X-ray spectroscopy (EDS) was used to determine the composition of 
materials and the location of selected elements within the specimens. When the incident electron 
beam in the TEM interacts with an atom in the specimen, it may excite an inner shell electron, 
ejecting it from the atom. An outer shell electron can drop down to fill the hole left by the excited 
electron, relaxing the ionized atom back to the ground state, but emitting either an X-ray or Auger 
electron with an energy equal to the difference between the outer and inner shell energies. The 
energy of this X-ray, called a characteristic X-ray, thus contains information about the identity of the 
atom that created it and ranges from tens to tens of thousands of eV. It is these X-rays that are 
collected in EDS. A more in-depth discussion of the generation and collection of these X-rays is 
available in reference [11]. For the EDS detectors used in the current work, the lightest element from 
which reliable signal can be detected is oxygen (with the Oxford Instruments EDS on the 2010F) or 
carbon (with the EDAX EDS on the FS20). For this reason, EDS could not be used to detect 
lithium and boron in the LiBH4-infiltrated carbon scaffolds, which had to be analyzed with electron 
diffraction. The elements in the other hydride materials, however – Mg, Ni, and Ti – lie within the 
detection limits. For both EDS systems used in this work, the minimum detectable amount of a 
given element was estimated to be around 1 at% in the excited volume. 
 
3.4.3 Electron Diffraction Pattern Analysis 
 
 The materials examined in this study were polycrystalline with a mix of different crystal 
structures present. The polycrystalline diffraction rings in the electron diffraction patterns were often 
discontinuous, making direct measurement difficult. To assist in the identification of materials in the 
diffraction patterns, the integrated radial intensity of each pattern was calculated using the Circular 
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Hough Transform Diffraction Analysis plugin for Gatan’s Digital Micrograph [12]. Using this script, 
the pattern center is determined using circular Hough transforms of thresholded annular regions of 
interest, then a weighted radial average of the pattern is taken. The intensity of this average is then 
radially integrated to obtain a plot of intensity versus inverse distance, converting the 2D diffraction 
pattern into a linear format. The peak positions and heights of the integrated intensity plot were 
compared against a library of known patterns in the ICDD Powder Diffraction File (PDF).  
The diffraction patterns of the MgH2 materials exhibited a wide range of intensities of the 
diffraction spots, and sometimes only a few spots per ring. The fainter and sparser diffraction rings 
would often not be distinguishable once radially integrated. In these cases, the pattern center was 
determined using the method above, and then the distances to these spots were measured manually 
and compared against the peak distances of known patterns in the PDF.   
 
3.4.4 Electron Tomography 
 
HAADF-STEM electron tomography was used for three-dimensional characterization of the 
catalyst dispersion in the MgH2-based materials. The maximum tilt angles achievable with the stage 
and microscope pairing available for this work are listed in Table 3.4 along with the elongation 
factors calculated using the method detailed in Section 2.4.1.  
 
Table 3.4. Maximum tilt angles and calculated elongation factors for the available stage and 
microscope combinations. The tilt ranges do not take into account shadowing from the Cu TEM 
grid bars or the specimen. †Shadowing from the Cu TEM grid bars limited the tilt range to around 
±75°. 
Microscope Stage 
Maximum 
Tilt Range 
Elongation 
Factor 
JEOL 2010F S/TEM Gatan HHST 4004 vacuum 
transfer heating stage 
±20° 4.92 
JEOL 2010F S/TEM JEOL standard single tilt ±35° 2.77 
JEOL 2010F S/TEM JEOL thin-tip single tilt ±65° 1.42 
FEI Tecnai F20ST Hummingbird Scientific 1000F 
single-tilt tomography stage 
±80° (75°)† 1.13 (1.21) 
 
All tilt series were acquired manually. The reconstructions were performed using either 
EM3D [13] and TomoJ [14, 15] and visualized using both UCSF Chimera [16] and ImageJ [17]. 
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Segmentation, where performed, was accomplished using TrakEM2 [18], a plugin for  ImageJ, and 
Blender [19], a free and open-source 3D graphics program. 
 
3.4.5 Effects of the Electron Beam 
 
 The light-metal hydrides (e.g. LiBH4 and MgH2) which constitute the studied systems are 
particularly susceptible to damaging effects from the interaction with the high-energy electron beam 
of the TEM. These effects can include atomic displacement (knock-on damage), increased 
temperatures through beam heating, and radiolysis of bonds, and their potential presence during 
analysis must be kept in mind. In all cases, attempts were made to tailor the TEM parameters and 
conditions employed to minimize potential damage. In cases where noticeable damage was observed 
during analysis, the effects are discussed in an accompanying subsection. In general, under normal 
operating conditions, STEM was found to be preferable to CTEM for minimizing material 
degradation due to electron beam effects. In order to acquire selected area electron diffraction 
(SAED) patterns, for which conventional TEM is preferred, low beam current conditions were used 
to delay the onset of damage. 
 
3.4.6 Scanning Electron Microscopy 
 
 Scanning electron microscopy (SEM) was used for surface morphology analysis and to survey 
particle sizes on scales impractical in the TEM. The SEM used was a JEOL 7000F SEM, equipped 
with a Schottky field-emission source and operated at 15 keV. Specimens for SEM examination were 
prepared in the same manner as for TEM, but the TEM grids were clipped to an aluminum stage. 
The TEM specimens from the in situ heating experiments were examined afterwards in the SEM, as 
well. The specimens examined in the SEM were briefly exposed to environment during the transfer 
from the glovebox to the instrument. Total exposure time was kept under 10 minutes.  
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3.5 Powder X-Ray Diffraction 
 
 X-ray diffraction (XRD) was used to examine the changes in crystal structure and detect any 
intermetallic formation with milling duration in the Ni- and NiCl2-doped MgH2 materials. A 
Siemens-Bruker D-5000 x-ray diffractometer with monochromated Cu Kα (λ = 0.15418 nm) x-rays 
was utilized for this work. A low-background quartz sample holder with a recessed circular cavity – 8 
mm in diameter and 1 mm in depth – was loaded with powder inside the Ar-atmosphere glovebox. 
Kapton tape, 3.175 cm-wide, was placed over the cavity to protect the powder from exposure to 
oxygen and moisture during transfer and data acquisition. Spectra were acquired over the angular 
range 2θ = 20-80° at a step size of 0.02° and scan speed of 0.25 °/min. Total scan time was 4 hours. 
No noticeable difference in powder color – the dark MgH2 powder turns lighter and grayer when 
exposed to air – was observed over the course of the scans, with only a sight release of gas by the Ni-
doped MgH2 sometime after 2 hours, though the Kapton tape remained airtight. The resulting 
diffraction spectra were analyzed using MDI Jade XRD analysis software and compared against the 
ICDD powder diffraction file (PDF) database for phase identification. 
 
3.6 Thermogravimetric Analysis 
 
 The hydrogen release properties of the Ni-catalyzed MgH2 samples were evaluated using a 
Shimadzu TGA-50 thermogravimetric analyzer (TGA) mounted inside a glovebox with O2 and H2O 
levels <0.5 ppm. 17-20 mg of powder was placed inside a platinum crucible and heated under 50 
ml/min flowing argon. The TGA was programmed to heat the specimen at a rate of 5 °C/min up to 
a maximum temperature of 550 °C. This set of TGA experiments was performed at the University of 
Utah by Chai Ren. 
 Additional TGA analysis was performed on the same samples at the University of Illinois 
Urbana-Champaign, using a TA Instruments Q50 TGA. 18-20 mg of powder was loaded into a 
platinum crucible and heated under 60 ml/min of flowing nitrogen. The specimens were heated at a 
rate of 20 °C/min up to a maximum temperature of 600 °C. Despite the nitrogen flow, since the 
TGA was not enclosed in an inert gas glovebox the material still experienced significant oxidation 
during and after hydrogen outgas.   
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3.7 BET/BJH Analysis 
 
The specific surface area, pore diameter, and total pore volume of the mesoporous carbon 
scaffold samples were determined from nitrogen adsorption measurements. Prior to this analysis, the 
scaffolds were outgassed at 300 °C for 1 hr under vacuum. The specific surface area was determined 
using the Bruner-Emmett-Teller (BET) method, using adsorption data in the relative pressure range 
of 0.05 to 0.2 bar. Total pore volume and the pore size distribution were estimated using the Barrett-
Joyner-Halenda (BJH) method from the adsorbed amount of nitrogen at a relative pressure P/P0 of 
0.98. The nitrogen adsorption isotherms were measured at 77K using a SA3100 physisorption 
analyzer for the empty scaffolds, and an ASAP2020 physisorption analyzer for the batch of scaffold 
for infiltration with LiBH4. These measurements were performed at the University of Missouri-St. 
Louis by Dr. X. Liu. 
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3.9 Figures 
 
 
 
Figure 3.1. Cartoon of the process used to prepare powder specimens for examination in the 
electron microscope. (a) A glass vial of the powder is upturned and tapped against a hard surface. 
Some of the powder adheres to the inside surface of the cap, which is then removed and (b) placed 
on top of a holey carbon-coated Cu TEM grid. (c) The top of the cap is struck, causing the powder 
to drop down onto the grid. Loose powder is removed before loading into the stage. 
  
 
 
Figure 3.2. Photograph of the Gatan HHST 4004 environmental vacuum transfer and in situ 
heating TEM stage used in the current work.  A standard 3 mm TEM specimen is mounted on a 
moveable transfer arm that can be retracted into a vacuum cell built into the stage body to allow for 
transfer from the glovebox to the microscope without exposure to atmosphere. In the picture, the 
transfer rod is in the observation (not retracted) position. 
 73 
 
CHAPTER 4 
 
PRELIMINARY ELECTRON TOMOGRAPHY STUDIES OF 
NANO-CONFINED AND BALL-MILLED SYSTEMS 
 
This chapter covers three materials that were investigated to gauge the feasibility of applying 
electron tomography to these systems and to assist in selecting which materials to study in greater 
depth for the current work. Section 4.1 discusses the application of electron tomography to silver-
infiltrated metal-organic frameworks (MOFs) and the nano-structures produced in them through 
interaction with the electron beam. Section 4.2 addresses the use of electron tomography to 
determine the infiltration extent of NaAlH4 nano-confined into MOFs. In Section 4.3 the viability 
of employing electron tomography to study catalyst dispersion in ball-milled MgH2 materials is 
discussed, followed by concluding remarks in Section 4.4. 
 
4.1 Silver-infiltrated Metal-Organic Frameworks 
 
The size-dependent optical and electronic properties of metal nanoparticles and 
nanostructures make them attractive for a variety of applications. The ability to make a controllable, 
narrow distribution of small sized nanoparticles is desirable. In collaboration with Dr. M. Allendorf ’s 
group at Sandia National Laboratory, studies explored MOFs as templates for nanoparticles and 
nanostructures, taking advantage of their long-range order, uniform nano-scale pore sizes, and 
tailorable pore geometries [1, 2]. These studies include the experiments discussed in this chapter.  
Although the infiltrated Ag nanoparticle sizes were determined to be 1 nm or smaller by 
various spectroscopic techniques [1], TEM micrographs, Figure 4.1, showed 2-6 nm Ag 
nanoparticles, which are larger than the pore sizes of MOF-508, the framework examined. This was 
observed to be the result of rapid degradation of the MOF from interaction with the electron beam, 
which occurred within a few seconds. This was accompanied by a coalescence of the Ag 
nanoparticles within that same time frame. After agglomeration into the 2-6 nm size range, the Ag 
nanoparticles proved to be stable. To determine the distribution of the Ag nanoparticles in the MOF, 
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a HAADF-STEM tilt series over the angular range -35° to +35°, with an image taken every degree, 
was acquired, Figure 4.2. The images were aligned and reconstructed using EM3D [3] and visualized 
in UCSF Chimera [4]. The resulting reconstruction, Figure 4.3, unambiguously confirms that the 
Ag particles are tightly intermixed with the framework and not segregated onto the surface. The 
presence of the framework surrounding each of the Ag nanoparticles allows this to be determined 
despite the damage from the electron beam. The blurriness of the tomogram is a result of the small 
tilt range allowed by the standard single-tilt stage used, limiting the information that could be gained 
from the reconstruction. To overcome this, a thinner sample holder was obtained, and a tilt series 
acquired over the angular range -51° to 60° with an image taken every degree, Figure 4.4. The Ag 
nanoparticles in the resulting tomogram, Figure 4.5, are much more clearly defined, with minimal 
blurring even at higher rotations. This second tomogram confirmed that the Ag particles were 
uniformly distributed throughout the framework, providing evidence that the Ag particles permeate 
the entire MOF template. It also showed that the structures produced by this process are three-
dimensional objects that contain significant depth. A more in-depth discussion of this study of the 
formation of Ag nanoclusters in Ag-infiltrated MOFs can be found in the following reference [1]. 
 
4.2 Sodium Alanate Nano-confined in Metal-Organic Frameworks 
 
The enhancement of the hydrogen uptake and release kinetics of metal hydrides through 
nano-confinement into host scaffolds with nanoscale pores is discussed in Section 2.2. The kinetic 
improvements and nano-scale particle sizes of NaAlH4 infiltrated into Cu-BTC MOFs, the system 
discussed here, are reported in the following references [5, 6]. The severe sensitivity of the material to 
moisture and oxygen necessitated the use of an environmental vacuum transfer stage. STEM 
micrographs of the infiltrated frameworks, Figure 4.6a, show what appears to be a rather uniform 
dispersion of NaAlH4 particles with a narrow size distribution of 5-11 nm. Ambiguity remains, 
however, in the extent to which the NaAlH4 had infiltrated into the MOF. Like the Ag-infiltrated 
MOF system discussed in Section 4.1, the NaAlH4 impregnated MOFs exhibited significant 
degradation from interaction with the electron beam during TEM observation. Unlike the Ag 
nanoparticles, however, the NaAlH4 particles did not stabilize as nanoscale clusters, continuing to 
 75 
 
coalesce over the course of approximately one minute into particles typically tens of nanometers in 
size fused into a single core of material inside the MOF, Figure 4.6b. Only after this point was the 
system sufficiently stable to acquire a tomographic tilt series, Figure 4.7. The thicker specimen 
holder of the vacuum transfer stage limited the angular range to -20° to +20°, with an image taken 
every degree. While the resulting reconstruction, Figure 4.8, confirms that the hydride material is 
inside the MOF, all other details of its distribution were lost due to the extensive beam damage.  
Furthermore, narrow tilt range meant a large “missing wedge” of data, producing considerable 
blurring in the reconstruction when rotated through small even angles, Figure 4.8b,d. The low 
fidelity of tomograms produced from images acquired by using the vacuum transfer stage and the 
high sensitivity of NaAlH4 and MOFs to the electron beam indicated that neither should be selected 
for a deeper study of catalyst particle dispersion.  
 
4.3 Silicon-destabilized Magnesium Hydride 
 
High-energy ball-milled Si-destabilized Ni-doped MgH2 + 0.5 Si + 0.05 Ni was selected to 
test the stability of magnesium hydride during the acquisition of a tilt series and to determine the 
viability of using electron tomography to investigate the morphology and dispersion of catalyst 
particles in ball-milled materials. In addition to being a candidate hydrogen storage system, as 
discussed in Section 2.3.1, MgH2 offered an interesting avenue of study due to the unanswered 
questions regarding the structures produced by ball-milling and the differences in performance 
observed with varied milling durations or different catalysts, as well as how the system evolves during 
hydrogen cycling, as discussed in Sections 2.3.1.3 and 2.3.1.4, respectively. In depth discussions of 
the Si-destabilized MgH2 system can be found in the following references [7, 8]. 
Examination of the material using EDS, Figure 4.9 revealed no evidence of mixing between 
the three elements, which remained highly localized. In HAADF-STEM, the Mg and Si particles 
were too similar in contrast to be differentiated from each other. The Ni particles, however, were 
easily distinguishable – the brighter spots in the images – and a size distribution of all the Ni catalyst 
particles in the aggregate could be obtained from these micrographs, Figure 4.10. Using the thin-tip 
TEM stage, a tilt series of STEM micrographs, Figure 4.11, was acquired of a MgH2 aggregate over 
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the angular range -50° to +64°, with an image taken every degree. No noticeable changes were 
observed in the material over the course of acquisition, either in the MgH2 aggregate or in the size 
and position of the Ni particles, indicating the material to be sufficiently stable for electron 
tomographic analysis. The images were aligned and reconstructed using EM3D [3] and visualized 
using UCSF Chimera [4]. The reconstruction was segmented using the ImageJ plugin TrakEM2 [9], 
and the 3D model was rendered using Blender [10]. Stills of the reconstruction are shown in Figure 
4.12 and confirm that this approach can be used to determine the 3D spatial relationship of the Ni 
catalyst particles to the MgH2. By placing markers at the centers of each of the reconstructed catalyst 
particles, Figure 4.13a-b, a 3D radial density distribution of catalyst particles could be calculated, 
Figure 4.13c. While such a calculation is of limited value in aggregates of the size examined in the 
current work, this technique could provide useful quantitative information about the 3D 
distribution – e.g. radial density, nearest-neighbor, and second-nearest neighbor distributions – of 
particles in larger systems.  
 
4.4 Conclusions 
 
The three studies discussed above confirmed the feasibility of using electron tomography to 
study the three-dimensional morphology and dispersion of catalyst particles in a host medium. It was 
determined that the JEOL standard single-tilt and Gatan environmental vacuum transfer TEM 
stages possessed insufficient angular tilt ranges to yield suitable tomograms for these purposes. The 
examination of Si-destabilized Ni-doped MgH2 suggested that two-component systems, each having 
sufficiently different atomic weights, should be selected for study. It also confirmed that MgH2 
exhibits adequate stability under the electron beam to allow for the acquisition of a tomographic tilt 
series without significant damage. 
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4.6. Figures 
 
 
 
 
 
 
 
 
Figure 4.1. Bright-field TEM micrograph of DMF-cured Ag-infiltrated MOF-508. The dark, 
circular shapes are the Ag nanoclusters. Ambiguity remains in such 2D through-thickness images as 
to the exact residence of the nanoparticles with regards to the framework. 
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Figure 4.2. Selected micrographs from a HAADF-STEM tilt series from -35° to +35° of a piece of 
DMF-cured Ag-infiltrated MOF-508, taken using a JEOL standard single-tilt TEM stage.  
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Figure 4.3. (a) The tomogram reconstructed from the tilt series in Figure 4.2. The Ag nanoclusters 
have been colored blue and the MOF colored yellow. (b) is an enlargement of the region boxed in 
(a), where it can clearly be seen that the Ag nanoclusters are inside the framework. 
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Figure 4.4. Selected micrographs from a HAADF-STEM tilt series from -51° to +60° of a piece of 
uncured Ag-infiltrated MOF-508, taken using a JEOL thin-tip single-tilt TEM stage.  
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Figure 4.5. (a) The tomogram reconstructed from the tilt series in Figure 4.3, showing the Ag 
nanoclusters in blue. (b) is an enlargement of the region boxed in (a). The reconstruction confirms 
that the Ag nanoclusters are distributed uniformly throughout the framework. (c,d) The Ag 
nanoclusters from the tomograms in Figure 4.5a and Figure 4.3a, respectively, tilted to a 0°, 30°, and 
45°, showing the dramatic reduction in elongation and blurring from using the thin-tip TEM stage. 
All scale bars are 50 nm. 
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Figure 4.6. HAADF-STEM micrographs of NaAlH4-infiltrated Cu-BTC MOF (a) initially and (b) 
after around 30 seconds. The continued coalescence of the NaAlH4 particles under the electron 
beam, culminating in a single fused mass, is evident. 
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Figure 4.7. Selected micrographs from a HAADF-STEM tilt series from -20° to +20° of the 
NaAlH4-infiltrated Cu-BTC MOF from Figure 4.6, taken using the Gatan HHST 4004 
environmental vacuum transfer and heating TEM stage.  
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Figure 4.8. Tomogram reconstructed from the tilt series in Figure 4.6, with the MOF colored yellow 
and the NaAlH4 colored blue. Some of the NaAlH4 removed for clarity in (a-b) is included in full in 
(c-d). The tomogram (b,d) is tilted 30° to show the extensive elongation and blurring due to the 
limited tilt range of the vacuum transfer stage. 
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Figure 4.9. EDS spectral mapping of a ball-milled MgH2 + 0.5 Si + 0.05 Ni aggregate. The dark-
field intensity and the Mg, Si, and Ni elemental maps are included and show no evidence of mixing 
between the constituents.   
 
 
 
 
Figure 4.10. Size distribution of the Ni catalyst particles in the aggregate shown in Figure 4.11. An 
8 nm bin size was used. 
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Figure 4.11. Selected micrographs from an inverted HAADF-STEM tilt series from -50° to +64° of 
a ball-milled MgH2 + 0.5 Si + 0.05 Ni aggregate.  
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Figure 4.12. The tomogram reconstructed from the tilt series in Figure 4.11 and segmented, shown 
at various tilts. The MgH2 and Si are colored blue and the Ni catalyst particles colored yellow.  
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Figure 4.13. (a) The reconstructed Ni particles from the tilt series in Figure 4.11, with (b) markers 
placed at the centers of the particles. A radial density distribution of catalyst particles was calculated 
from the marker positions. 
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CHAPTER 5 
 
NANO-CONFINED LITHIUM BOROHYDRIDE 
 
In this chapter, nano-confined LiBH4 and the highly ordered mesoporous carbon scaffolds 
into which it was infiltrated are studied using electron microscopy, spectroscopy, and diffraction. In 
Section 5.1, the structural details of the scaffolds were explored and misleading visual artifacts that 
arise from investing such structures with electron microscopy are discussed. In Section 5.2 the 
morphology of the LiBH4-infiltrated scaffolds is explored as well as the behavior of the nano-
confined system during hydrogen desorption using TEM heating experiments. These results are also 
compared with material dehydrogenated using a DSC. Section 5.3 discusses these results, followed 
by concluding remarks in Section 5.4 
 
5.1 Characterization of Mesoporous Scaffolds 
 
Mesoporous materials, possessing pores 2-50 nm, have generated considerable interest for 
diverse applications including biomedical [1, 2], catalysis [3, 4], and energy storage [5-7]. Their use 
as host scaffolds for the nano-confinement of lightweight metal hydrides is one such energy storage 
application. Nitrogen sorption measurement, with BET and BJH analysis, is the typical 
characterization technique applied to the structural study of these scaffolds. While this technique is 
useful for surveying bulk properties of surface area, pore volume, and pore size over a highly 
statistically significant population, it is limited in the structural and morphological details it can 
provide beyond this. Direct characterization via electron microscopy can provide complimentary 
information of the micro- and nano-scale morphology of these structures. The structural details of 
these scaffolds greatly impacts their use in nano-confinement and other applications; gaining a better 
understanding of these structures is crucial for designing systems with improved performance, such 
as loading capacity. To date, the investigation of these materials with electron microscopy has been 
rather limited, and too often is of questionable accuracy. The two-dimensional projection nature of 
TEM imaging introduces visual artifacts, which, if taken at face value, could produce misleading and 
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incorrect conclusions. Thus, it is important to understand the kind of artifacts that can arise and 
what their impacts are on the apparent scaffold structure. Although the current work focuses on 
highly ordered mesoporous FDU-15 carbon scaffolds, these discussions can be extended directly to 
other, similar structures, such as SBA-15 silica scaffolds, and more broadly to any regular scaffold 
structure imaged with TEM. 
 
5.1.1 Scaffold Structure 
 
Prior to analysis with electron microscopy, nitrogen adsorption and desorption measurements 
were acquired. The nitrogen adsorption curves for the four samples are shown in Figure 5.1. The 
specific surface areas were determined by BET analysis and are listed in Table 5.1. The total pore 
volumes and pore size distributions as estimated by BJH analysis are included in Table 5.1 and 
Figure 5.2, respectively. The minimum pore size detectable with the SA3100 analyzer used is 3.5 nm, 
resulting in the peaks of C1, C2, and C4 being partially missed in the distribution. Still, the shapes 
of the peak portions that remain provide some idea of the size and range of the pore sizes.  
 
Table 5.1. Scaffold dimensions. Surface area and pore volume were determined from BET and BJH 
analysis, respectively. Typical pore diameter and pore spacing ranges were measured from HAADF-
STEM and CTEM micrographs. †The C1 scaffold exhibited a greater variety of pore sizes and 
spacings than the other three scaffolds. In particular, smaller (left) and larger (right) scales of pores 
were observed. 
 Surface Area 
(m2/g) 
Pore Volume 
(cm3/g) 
Pore Diameter 
(nm) 
Pore Spacing 
(nm) 
C1 241 0.13 2.3-3.5/5-7.2† 7.8-9.8/11-12.5† 
C2 594 0.35 2.8-3.8 9.1-9.7 
C3 730 0.53 4.1-4.6 9.7-9.9 
C4 1133 0.75 3.6-4.3 9.1-9.8 
 
To verify these values, electron microscopy was used to provide direct measurements of pore size, 
shape, and spacing. STEM and CTEM micrographs of the scaffold pore structure are shown in 
Figure 5.3, both end-on and in profile, and verify that the columnar pores are organized into a 
hexagonal arrangement. The pore diameters and pore spacings are listed in Table 5.1. It should be 
noted that while small deviations from the listed size ranges could occasionally be observed, each 
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individual scaffold exhibited a narrow range of pore diameters whose sizes were consistent with those 
determined by BJH analysis. Unlike nitrogen desorption techniques, direct characterization by 
electron microscopy also allows for the spacing of the pores to be determined, providing additional 
information about the differences in microstructure resulting from variations in synthesis. Pore 
dimension measurements were made from the end-on pores, rather than side views, due to the 
greater potential for projection artifacts in side-view micrographs, as discussed in Section 5.1.2. 
 Although monolithic structures with the columnar pores running continuously from one end 
of the scaffold particles to the other had been expected, scaffolds actually formed domains of 
columns. The pores in these domains possess a different orientation than their neighboring domains. 
Figure 5.4 shows a simple example, a particle with only two domains, while Figure 5.5 shows a much 
larger scaffold particle with a complex arrangement with many domains. Observed domains varied in 
size, ranging from tens of nanometers to over a micron (the size of the entire scaffold particle). The 
domain boundary and column orientations are indicated in Figure 5.4 by dotted and solid lines, 
respectively. The column orientations of a few of the domains in Figure 5.5 have been indicated in 
the same manner. Selected micrographs from a STEM tilt series taken of this particle over -11° to 
+33° with an image taken every degree are shown in Figure 5.6. As the scaffold tilts, different 
domains become clearer when their orientation of pores rotate into a high-visibility orientation with 
respect to the viewing direction. In scaffold particles such as that shown in Figure 5.5, where the 
particle is not an aggregate of separate particles crushed together, the domains typically exhibit 
particular orientational relationships with neighboring domains; the domains of columns orient at 
hexagonal angles, i.e. 60°, as is shown in Figures 5.5 and 5.6. The consistency and degree of 
perfection in which the domains line up with each other in this manner indicate that this domain 
structure is not merely a product of the grinding step in scaffold synthesis. Furthermore, domains 
were observed in material that was ground both before (C2-C4) and after (C1) calcinations. From 
the tilt series it is also seen that the domains do not seem to take on simple, uniform shapes such as 
flat layers, but are irregular and enmeshed in three dimensions, leading to a variety of path lengths 
and connectivity of the channels.  
 93 
 
 The scaffolds could also display curvature in their pores. The curvature was typically slight 
and observed at the end of a long domain of columns, Figure 5.7a, in aggregates of smaller scaffold 
particles, Figure 5.7b, or entirely within a domain, Figure 5.7c. Curvature was much less frequent in 
the last case. While it cannot be known for certain during which synthesis step or steps the curvature 
formed, the presence of interior curvature implies that at least some results from distortion of the 
template during grinding prior to calcination. Regardless, the curvature is not particularly prevalent 
and is most often very slight, and likely does not play a major role in overall scaffold properties. 
 
5.1.2 Projection Artifacts Arising from Electron Microscopy 
 
When using electron microscopy, a through-thickness technique, one must interpret 
structure from the images carefully. Various visual artifacts resulting from the projection nature of the 
images can cause misleading appearances of the scaffold pore diameter and spacing. The visual 
artifacts discussed in this section were observed in all four scaffold samples. 
 When viewing the scaffold in profile, the projected image contrast of the columns is highest 
not when viewed head on, i.e. in the direction labeled “Sreal” in Figure 5.8, as the projected thickness 
of the scaffold is fairly uniform. At specific angular deviations from this orientation, however, the 
contrast is higher. For the sake of simplicity, the models shown here are only rotated along a single 
axis. In reality, when imaging real scaffold particles in the microscope, their axes are rarely oriented 
completely parallel to the tilt axis of the stage. While this increases complexity, conclusions drawn 
from these simpler models are still valid. Similarly, the scaffold models constructed in this work have 
pore spacing equal to the pore diameter. The projection artifacts discussed, however, also occur in 
scaffolds with different spacing-to-diameter ratios, just at different angles.  
The difference in projected thickness is highest along a 30° diagonal direction, labeled 
“Sreduced” in Figure 5.8.  The relationship between the real and reduced pore spacing is shown in a 
HAADF-STEM micrograph, Figure 5.8a, and in a model of the scaffold, Figure 5.8b. Similarly, at 
20° and 40° off of the Sreduced direction, the appearance of half-size and half-spacing pores – herein 
termed “half-size” artifacts – is produced, as seen in Figure 5.9a. Figure 5.9b shows a model of how 
such an artifact is formed; this relationship between pores and half-size columns was observed 
 94 
 
directly, Figure 5.9c. In particles consisting of multiple abutting or overlaid domains, both full- and 
half-size columns can be visible simultaneously, such as in Figure 5.9a and c. Figure 5.10 shows 
selected micrographs from a tilt series taken of a scaffold particle from -65° to 50°. As predicted from 
the model, the columns appear to alternate between full- and half-sizes as the particle is rotated. The 
tilt angles of the micrographs do not exactly line up with the ideal model because the particle was 
not rotating perfectly about the column axis. These two effects – Sreduced and half-size half-spacing 
columns – are more dominant in HAADF-STEM, where the image contrast of these scaffolds is 
primarily a function of projected thickness, although the effect is still seen in CTEM. 
 More common in CTEM is a similar artifact where the ratio of pore width to wall width is 
exaggerated, resulting in the appearance of smaller pore diameters and thicker column walls, which 
are herein termed “wide-thin” artifacts. Figure 5.11a models how this wide-thin effect can be 
produced from a scaffold with equal pore widths and wall widths and Figure 5.11b shows an 
example of this behavior in an actual scaffold. The ratio of apparent width to spacing in these 
artifacts is dependent upon the particular angle of tilt and scaffold thickness – i.e. number of 
columns in the direction parallel to the electron beam – and will vary as the particle is rotated. Figure 
5.12 demonstrates this dependence on thickness; the pores appear to narrow as the thickness 
increases parallel, Figure 5.12a, and perpendicular, Figure 5.12b, to the column direction. For the 
same reason as the half-size artifacts discussed above are produced, half-sized wide-thin columns, 
Figure 5.11c, can be produced from scaffolds where the pore widths and wall widths are not equal. 
When viewed end-on, the apparent shape of the pores also alters if viewed off-axis, as shown in 
Figure 5.13a marker 4. The pores appear both smaller and distorted by the direction of tilt. If the 
area is thin enough, dimmer secondary spots – or streaks – from the corresponding pore exits on the 
other side of the particle can be seen, such as in the inset of 5.13a. 
 The practical differences in using HAADF-STEM or CTEM to image these scaffolds is 
made evident by comparing Figure 5.11a and 5.11d, and Figure 5.13a and 5.13b, which show the 
same regions viewed using both imaging modes. Figure 5.11 and markers 2 and 3 in Figure 5.13 
clearly show the greater susceptibility of CTEM to wide-thin projection artifacts compared to 
HAADF-STEM. Both imaging modes exhibit half-size artifacts, marker 1, but as with the full-size 
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pores, the wide-thin form dominates in CTEM. Especially in thicker regions, indicated by marker 5 
in Figure 5.13, CTEM often provides higher column and pore contrast but is more susceptible to 
misrepresentative pore and wall widths. Also, in a given region of the scaffold, the column contrast 
of one domain tends to dominate, whereas in HAADF-STEM the columns of overlapping domains 
are more visible, Figure 5.13 marker 5. Additional complications arise in the focusing of CTEM 
images. It is common practice when imaging light and very thin specimens to use an underfocus 
condition when imaging in CTEM for improved contrast, and these scaffolds prove no exception 
since at their thinnest their pore structure does not stand out much against the carbon support films. 
The dependence of the image contrast of the pores on the defocus value is demonstrated in Figure 
5.14. The contrast and the pore diameter depend on the defocus value, with the highest contrast an 
smallest pore diameter occurring for the largest underfocus value. The further underfocused the 
image is, the higher the contrast but the smaller the apparent pore width. This may also be the 
reason for the change in apparent wall-to-diameter ratio with increasing thickness. As the thickness 
of the scaffold particle increases, so does the number of layers of columns. The depth of field of the 
TEM remains constant, however, so the number of out-of-focus column layers will increase with 
thickness. This suggests that the optimal thickness of particle to image in the TEM is approximately 
the depth of field. This effect is not limited to columns in profile, but applies to end-on pore images, 
as well, Figure 5.15. Overfocusing the image produced similar distortions to the apparent wall-to-
diameter ratios as underfocusing, Figure 5.14e, and often exhibited a contrast reversal in addition to 
size alterations, Figure 5.16. The effects of off-focus imaging are more straightforward in HAADF-
STEM: the best contrast occurs when the image is focused, and deviations from focus manifest as 
blurring. 
 
5.2 LiBH4 Nano-confined in Mesoporous Carbon Scaffolds 
 
The infiltration of LiBH4 has been shown to greatly enhance the kinetics of hydrogen uptake 
and release, as discussed in Section 2.3.2.1. It was also noted that significant degradation in 
hydrogen storage capacity after even a single cycle were observed in these systems. The lack of direct 
structural characterization of these systems has hindered the understanding of this behavior and thus 
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how to mitigate it. Various reasons have been proposed, including ejection of infiltrated material, 
internal phase segregation, and reaction of the alkali metal species with impurities [8-10]. The 
current work addresses this question by using an environmental vacuum transfer heating TEM stage 
to examine nano-confined LiBH4 to determine the morphology and structure of the system and 
TEM heating to understand the changes that occur during hydrogen discharge and provide a more 
definitive explanation for the capacity degradation.  
 
5.2.1 Degradation of Nano-confined LiBH4 in the Electron Microscope 
 
As mentioned in Section 3.4.5, damage to the LiBH4 from interaction with the electron 
beam during S/TEM observation was a concern, particularly in a conventional TEM, which has a 
higher total beam current than STEM. The mesoporous carbon scaffolds were highly resilient to the 
electron beam; no noticeable damage was observed in scaffold particles exposed to the beam for at 
least 20 minutes in conventional TEM and 2 hours in STEM. Greater care had to exercised, 
however, in the examination of the LiBH4-infiltrated scaffolds. For STEM, a nominal beam current 
of 225 pA was used, and by keeping magnifications sufficiently low (roughly below 100 kX), damage 
to these materials could be avoided for durations adequate for characterization. For this reason, 
STEM was used for all longer term studies of the LiBH4-infiltrated scaffolds, such as the in situ 
heating experiments and image acquisition during a tilt series. Holding the beam stationary on the 
material, however, as one would for Electron Energy-Loss Spectroscopy (EELS), resulted in nearly 
instantaneous boring of a hole through it. It was noted that the infiltrated LiBH4 exhibited less 
sensitivity to the electron beam than did LiBH4 on the outer surface of the scaffolds. 
In CTEM, low current conditions with a spread beam were used to delay the onset of beam damage. 
Focusing the electron beam to a small diameter on a scaffold particle would sometimes result in a 
rapid and forceful expulsion of the storage medium. Bubbles would appear on the outside of the 
scaffold followed by the infiltrated medium being ejected and splattered across the surrounding 
carbon film, or by it being reabsorbed into the scaffold. In the case of the former, the material could 
be ejected up to a distance of 2-3 times the width of the scaffold particle. In either case, the surface 
of the scaffold appeared devoid of any previously existing surface material, including crusts, as shown 
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in Figure 5.17. Less than half of the scaffold particles on which this was attempted displayed this 
behavior. This behavior was not possible in the STEM. 
 
5.2.2 As-synthesized Morphology 
 
The mesoporous carbon scaffold used for confinement was prepared identically to scaffold 
C4, as discussed in Section 3.2.1. Analysis of the nitrogen adsorption measurement, Figure 5.18, 
determined the scaffolds to have a high specific surface area of 1133 m2/g and a pore volume of 0.75 
cm3/g. The pore size distribution of the unfilled carbon scaffolds as determined by BJH centered 
around 3.8 nm, Figure 5.19, and agrees well with the values determined from S/TEM micrographs, 
Figure 5.3 and Table 5.1. Two batches, with 20 wt% and 30 wt% (maximum fill is 35 wt%) were 
used in this work. 
Although the light elements lithium and boron are not detectable with most current EDS 
systems, including the one used for the present study, the presence of material infiltrated into the 
host scaffold pores is visible in S/TEM due to the reduction in pore/channel contrast that occurs in 
the filled scaffold, Figure 5.4, relative to the unfilled, Figure 5.3.  Previous X-ray Diffraction (XRD) 
analysis of identically prepared specimens by Liu et al. [11, 12] found the infiltrated material to be 
LiBH4 in an amorphous state. EDS spectra of the infiltrated scaffolds, Figure 5.20, show an absence 
of any contaminants above the detection limit. 
In both 20 wt% and 30 wt% batches, residual non-infiltrated LiBH4 was sometimes 
observed attached to the outside of the scaffold, however, as expected, it was rarer in the 20 wt%-
filled material. The external LiBH4 took two main forms: irregular nodules or blisters. Both forms 
ranged in size from ~50 nm up to over a micrometer across and were rounded and smooth, in 
contrast to the scaffold particles, the edges of which were typically angular or broken along layers of 
columns. Examples of these forms of non-infiltrated LiBH4 are shown in Figure 5.21; the arrows 
indicate examples of blisters. The morphological changes are discussed further later. 
5.2.3 Behavior During Hydrogen Release via TEM Heating 
 
HAADF-STEM observations of both 20 wt% and 30 wt% specimens heated to 100 °C in 
the TEM revealed no noticeable morphological differences compared to the unheated as-prepared 
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state. The micrograph presented in Figure 5.22a shows a thinner portion of a large scaffold particle 
that had been heated to 100 °C. Two domains of differing column orientations are visible, indicated 
by a dotted line, though with reduced contrast due to infiltration. Upon subsequent heating to 200 
°C a significant change in morphology occurred: a granular crust composed of cubic and cuboidal 
nanocrystals formed on the exterior surface of the particles, Figure 5.22b. These nanocrystals were 
much larger than the scaffold pore diameters, with typical side lengths of 8-15 nm, though sizes 
between 20 nm and 3 nm were observed. The underlying scaffold structure remained intact beneath 
the crust, as seen clearly in Figure 5.23, indicating that the nanocrystals resided on the exterior of the 
scaffold and not inside. This observation was corroborated in SEM images, Figure 5.24, in which 
nanocrystals are clearly visible on the exterior surface and carbon support film. Subsequent heating 
to 250 °C resulted in no significant additional changes, including crust growth. 
 Electron diffraction was performed on the granular crusts to determine their crystal 
structure. The electron diffraction pattern, Figure 5.25a, is a polycrystalline ring pattern and does 
not show any evidence of orientation preference. The integrated radial intensity, Figure 5.25b, of the 
diffraction pattern was compared with those of materials composed of Li, B, O, C and/or H. The 
closest match was LiH, for which the expected diffraction peak positions exhibited 95-99% matches 
with the measured patterns. Accompanying bright- and dark-field TEM micrographs, Figures 5.25c-
d, of the particle confirm that the LiH rings originate from the nanocrystal crust. The dark-field 
image was acquired by positioning the aperture over the LiH 200 ring; moving the aperture to 
different locations around the ring brought different nanocrystals in the crust into contrast. The size 
of the LiH nanocrystals in the dark-field image agrees with that assessed from the HAADF-STEM 
images, Figures 5.22b and 5.23b.  
Migration of the LiH crystals away from the NPC scaffold and across the holey carbon 
support film was also observed. As can be seen in the HAADF-STEM micrograph presented in 
Figure 5.26a, the crystal size and density decreases with distance from the scaffold particle. This 
suggests the migration occurs continuously during heating, with some of the crystals colliding during 
migration and agglomerating to form the larger crystals. Support for agglomeration can be seen in 
the higher magnification images presented in Figure 5.26b, in which the smaller crystals can be 
 99 
 
distinguished within the larger agglomerates. The size distribution of the migrating crystals, Figure 
5.27, was determined using the particle analysis functionality of ImageJ [13]. To use this function, a 
threshold level was set to distinguish the crystals from the carbon film. Spurious artifacts were 
manually removed and a combination of watershed algorithm and manual segmentation were used 
to separate any particles that could not be automatically demarcated. The areal size of each particle 
was measured and then converted into a side length, assuming square particles, a reasonable selection 
given the observed crystal shapes. The resulting distribution agrees well with the sizes observed on 
the scaffold exteriors by STEM. The truncation of the distribution below 5 nm is a result of the 
lower areal bound placed on the analysis; visual inspection of the images suggests the histogram 
should have a small tail down to around 3 nm. A lower bound was used because round carbon 
precipitates less than 5 nm in diameter were uniformly distributed across the carbon film following 
heating. These were an artifact found even for a blank holey carbon grid subjected to the same 
preparation and heating, Figure 5.28.  The size distribution of the carbon precipitates is also plotted 
in Figure 5.27, for comparison with the migrating crystal size.  The carbon precipitates are easily 
distinguishable from the migrating crystals due to their smaller size, ~2-5 nm, as well as their circular 
morphology. The largest of the carbon precipitates, while easy to distinguish visually, were still 
collected by the particle analysis algorithm. Thus, a lower bound was selected that removed the vast 
majority of the carbon precipitates while neglecting as few LiH crystals as possible. The contribution 
of carbon precipitates to the LiH crystal size distribution is minimal. No difference in the spatial 
distribution of the carbon precipitates was observed near the migrating LiH crystals versus regions of 
the carbon support film with no LiH or scaffold particles. Likewise, no correlation was seen between 
the location of the LiH crystals and the carbon precipitates. This implies that the two materials do 
not interact during this process. 
Both the 20 wt% and 30 wt% specimens exhibit LiH ejection and crust formation. This was 
slightly but noticeably more prevalent in the 30 wt% specimen, presumably because of the increased 
amount of storage medium infiltrated into the pores. For each specimen, twelve or more scaffold 
particles were examined at each step in the heating routine, about half of which were revisited 
following each heating step. Both the revisited and fresh particles exhibited the same crust growth 
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and migration behaviors, confirming that the ejection behavior was not merely a product of 
cumulative beam damage from repeated observation but a result of the heating.  To further 
corroborate that interactions of the electron beam with the particles were not responsible for the 
formation of the crust, a series of experiments were conducted in which the same particle was 
exposed repeatedly in a sequential manner to an actively scanning electron beam for nearly an hour. 
As long as the beam was not held in one location or magnifications were kept below 100 kX, the 
crusts remained unchanged for at least the observation time. 
Although it has been shown that the crust does not change under even prolonged or repeated 
exposure to the electron beam, a question remains about the composition of the crust in relation to 
the LiBH4 that was not infiltrated and remained on the exterior of some scaffold particles. Non-
infiltrated material on the exterior of the scaffolds during heating either remained unchanged, as in 
Figure 5.22, or formed round nodules or blisters, Figure 5.29, which were at least three times larger 
than the largest LiH nanocrystals observed in the crusts. Since the crust took on different 
morphologies upon heating, it was concluded that it is not merely composed of pre-existing external 
LiBH4., but is in fact storage medium ejected from inside the scaffold. 
 
5.2.4 Comparison with DSC Heating 
 
To verify that material ejection from the scaffold was independent of the heating 
environment, material outgassed during DSC analysis was also examined in the TEM. Again, 
material was found to be ejected, although it exhibited a dramatically different morphology. Instead 
of a crust of cubic and cuboidal nanocrystals, the ejected material formed into patches of long 
bristles, Figure 5.30b, and irregular nodules, Figure 5.30c. The bristles were typically 10-30 nm-
wide, with some having widths up to 60 nm. Lengths were typically 80-200 nm, with some up to 
290 nm. Aspect ratios were typically 4-8, but up to 14 was observed. Bristles with widths greater 
than 60 nm generally had lower aspect ratios than their thinner peers. The difference in morphology 
between the DSC-heated and the TEM-heated specimens may be attributable to differences in the 
maximum temperature and heating rate and/or the pressure – the TEM specimens were heated 
under vacuum – experienced by the material during heating, as well as the potential for air exposure 
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during the DSC heating. Regardless of the morphology of the ejected material, both heating 
experiments demonstrate ejection of the storage medium from the confining scaffold. 
Whereas the spatial density of the granular crusts was typically quite uniform over the 
scaffold particles in the TEM-heated samples, the density of bristles and nodules in the DSC-heated 
material could vary significantly by region, as seen in Figure 5.30a, in which regions dominated by 
bristles, Figure 5.30b, and others dominated by nodules, Figure 5.30c, coexist on the same particle. 
This may be a function of the orientation of the underlying domain from which the material is 
ejected. It may be easier for the storage medium to be ejected from a domain oriented with the pores 
directly contacting the surface, and thus a higher density of ejected material at that surface could be 
expected. Similarly, the regions with little or no growth presumably had no domains with pores 
directly exposed to the surface. The higher prevalence of this patchiness in the DSC-heated 
specimens may be due to differences in heating conditions and duration. For example, the slower 
heating rate used in the TEM experiments might have allowed sufficient time for the ejected material 
to diffuse across the scaffold surface into a more uniform covering. 
 
5.3 Discussion 
 
5.3.1 Characterization of Mesoporous Scaffolds  
 
Nitrogen desorption/adsorption analysis is useful for gathering statistically significant 
information about the surface area, open volume, and pore sizes of these mesoporous scaffolds. 
However, additional information about the morphology requires direct characterization techniques, 
and electron microscopy is well-suited for observation at the necessary length scales. In addition to 
shape and size of pores, electron microscopy reveals the spacing of the pores and how these 
dimensions vary with different synthesis parameters. It was also discovered that the scaffolds do not 
grow as monolithic blocks of single-orientation columns, but rather as domains of differing column 
orientations. Most intraparticle domains were observed to be oriented at hexagonal 60° angles to 
neighboring domains, indicating that this domain structure is not merely a product of the grinding 
step during synthesis. This is corroborated by its existence in samples ground prior to (C2, C3, and 
C4) as well as following (C1) calcination. The ubiquity of the hexagonal domain relationships 
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suggests that during formation of the copolymer template, existing domains may have a templating 
effect on subsequent domains, enforcing growth of specific orientations.  
This domain structure has implications for the infiltration of material. Liu et al. when melt-
infiltrating LiBH4 into these carbon scaffolds, were only able to achieve a practical filling limit of 
around 70%, significantly below the predicted maximum capacity based off pore volume 
measurements [12]. The domain structure of the scaffolds, undetected by nitrogen desorption 
techniques, offers a potential explanation for this filling behavior. Domains whose pores lack direct 
access to the scaffold particle surface will be more difficult, if not impossible, to infiltrate, effectively 
reducing the usable scaffold volume of the system. For applications such as hydrogen storage, where 
scaffold weight constitutes a significant portion of overall system weight, unfillable scaffold volume 
impacts the retained gravimetric and retained volumetric storage capacities of the system compared 
with the bulk hydride, as shown in Equations 5.1 and 5.2, respectively [7].  
ρ
ρ
×
= ×
× +
,
,
100%
1
g scaffold hydride
g bulk hydride
C P
C P
    (5.1) 
ρ
ρ
×
= ×
× +
,
,
100%
1
v scaffold scaffold
v bulk scaffold
C P
C P
    (5.2) 
Cg is the gravimetric capacity of the scaffold or bulk hydride, Cv is the volumetric capacity of the 
scaffold or bulk hydride, ρ is the density of the hydride or scaffold, and P is the pore volume. The 
detrimental effect of a reduction in available pore volume by 30% is clear. LiBH4, because of its light 
weight, is particularly sensitive to this effect, as discussed in greater detail by Vajo [7]. This indicates 
that in order for these infiltrated hydride systems to achieve their potential storage capacity, synthesis 
conditions that minimize the formation of domains should be investigated. The domain structure 
may also have an impact on the desorption behavior of the nano-confined hydride. Vajo [7] 
proposed that the reason for the differences in desorption rate between the carbon aerogels of Gross 
et al. [8] and the mesoporous carbon of Cahen et al. [14] – the aerogels exhibited a constant rate 
while the mesoporous carbon rate decreased with time, Figure 2.18 – may be due to the differences 
in pore structure: the long, linear channels of the mesoporous carbon may become blocked by 
 103 
 
reaction products as dehydrogenation proceeds. If this is true, then it is possible that the presence of 
domains may similarly adversely affect the dehydrogenation rate. 
 Direct characterization provided by electron microscopy is a useful and even necessary 
complementary technique to indirect nitrogen adsorption/desorption techniques, however, one must 
exercise caution when interpreting observations. Although it is easier to find scaffold particles 
oriented to show good contrast of columns in profile, rather than with the pores end-on, the 
existence of the Sreduced, half-size half-spacing, and wide-thin projection artifacts discussed earlier 
render the determination of pore widths using profile views inaccurate. Viewing directions parallel to 
the pore axis provides the most reliable measure of scaffold pore dimensions. The appearance of half-
size half-spacing columns in profile can be produced from specific orientations in projection; their 
confirmation as an artifact is supported by the absence of any observations of such pores end-on. 
Similarly, artificially small pore observations can be distinguished by distortions in the image 
resulting from off-axis tilting, Figure 5.13a, and underfocusing, Figure 5.15. HAADF-STEM 
imaging provided more accurate measurements than CTEM, which was particularly susceptible to 
the wide-thin artifact, especially when the distortion from focusing and thickness were taken into 
account. High wall-width to pore-width ratios were visible in CTEM in all four specimens; 
examining the same area in HAADF-STEM clearly distinguished between the scaffolds that actually 
had high ratios – C1 and C2 – and those closer to equal width – C3, and C4. BJH pore size analysis 
alone cannot reveal this, since the pore spacing varies. The higher contrast of CTEM in thicker 
particles, however, proved quite useful for performing specimen surveys to select promising scaffold 
particles for subsequent examination in HAADF-STEM. It is not clear that other published work 
has taken these artifacts into account. 
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5.3.2 Nano-confined LiBH4 
 
Previous studies of the hydrogen cycling performance of these and similar LiBH4-infiltrated 
NPCs revealed a gradual, but continual, decrease in hydrogen storage capacity with number of cycles 
[8, 12]. The capacity loss cannot be accounted for by the production of gaseous byproducts, such as 
methane or diborane, other side reactions, or significant material loss as none were detected in these 
systems [8, 12].  Despite differences in the dehydrogenation conditions, especially a hydrogen 
overpressure, the ejection of LiH from the carbon scaffold and the formation of a granular LiH 
nanocrystal crust reported herein provides a plausible explanation for this performance decrease. The 
identification via electron diffraction that the crusts are LiH shows not only an ejection of storage 
medium from the scaffold upon hydrogen desorption, but a preferential segregation of the 
constituent elements of LiBH4; lithium segregates to the surface in the form of LiH nanocrystals 
while boron remains inside the scaffold. This segregation negates the intended benefits of nano-
confinement and perhaps prohibits the reformation of LiBH4 upon hydrogen charging. The 
migration of some LiH nanocrystals away from the scaffold entirely further hinders the reformation 
of LiBH4 during hydrogen charging. The fact that a continually decreasing storage capacity was 
observed indicates that the ejection and migration phenomena are not reversible, or, at best, only 
partially reversible. The total quantity of active LiBH4 for hydrogen storage is reduced, resulting in a 
permanent loss of capacity. Similarly, these results would explain why the decrease in capacity was 
greatest for the first cycle [8, 10, 12]: either the crust formed by the first desorption retards the 
ejection of further material and/or it is increasingly difficult for LiH deeper inside the scaffold 
structure to migrate out to the surface.  
 Hydrogen desorption from LiBH4 infiltrated into this particular host scaffold begins around 
220 °C [12]. As such, it is likely the actual temperature at which the ejection of LiH occurred is 
closer to this than the nominal 200 °C used in the TEM annealing experiments. The difference in 
temperature is not important, as the experiment was designed to determine compositional and 
morphological changes but not the precise temperature at which the changes occurred.  
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The LiH crystals would be the product of the expected decomposition reaction: 
4 2
3LiBH    LiH + B +  H
2
     (5.3) 
No significant additional changes, including crust growth, were observed upon the subsequent 
heating to higher temperatures. It therefore is concluded that either hydrogen desorption of LiBH4 
into LiH and B is necessary for ejection or that the remaining LiH cannot escape the pores. The 
latter case could be attributed to the nanocrystal crust formed during dehydrogenation acting as a 
barrier or to the scaffold domain structure acting as a barrier. The first possibility is dismissed since 
the performance degradation is continuous, which indicates that the crust is not an impenetrable 
barrier and may simply act to slow the process. The second possibility, if correct, suggests capping 
the scaffold following infiltration might increase the cyclability of the storage medium.   
 The ejection of one or more constituents of a complex metal hydride from its host scaffold 
during dehydrogenation has been proposed recently as a source of hydrogen capacity loss [8-10]. For 
LiBH4 infiltrated into carbon aerogel, Gross et al. hypothesized an isolation of LiH and 
agglomerated boron particles [8]. They observed the appearance of LiH XRD peaks during 
desorption and their continued presence following rehydrogenation. This result is consistent with the 
findings of the current study with the additional insight being determination of the location of the 
LiH. Gao et al. explored the reversibility problem of both LiBH4 and NaAlH4 nanoconfined systems 
and came to a similar hypothesis, supported by their discovery that the addition of extra alkali metal 
species (Li and Na, respectively) partially counteracted the effect [10]. For NaAlH4 confined in an 
aerogel, Nielsen et al. explained the loss in capacity with cycling to the ejection, migration, and 
crystallization of the storage medium on the scaffold surface [9]. Conclusive evidence of ejection and 
migration of the storage medium was lacking in these studies, as the location of the decomposition 
products was not determined. These results, however, are consistent with those reported herein, 
which is the first direct confirmation of an ejection of selected components of the storage medium 
from the scaffold. The observed ejection of LiH from the host scaffold may also play some role in the 
finding of Gross et al. [8] of increasing hydrogen capacity retention with decreasing pore size, Figure 
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2.18. If smaller pore sizes make the ejection more difficult, perhaps by reducing pathway 
connectivity of domains or the narrower pathways being easier to block, the irreversible separation of 
LiH from the other reaction products via ejection may be hindered with decreasing pore diameter. 
This experimental effort proposes the loss of LiH from the host scaffold particle as an 
explanation of the system degradation with cycling. Support for this loss mechanism comes from a 
first-principles modeling study by Majzoub et al. in which defected graphene is used as an analogue 
to the carbon scaffold [15]. This modeling effort showed that LiBH4 clusters on the surface of the 
graphene decomposed, with the boron substituting for a carbon and satisfying dangling bonds. This 
boron-doping of the surface allows for wetting of the graphene surface by subsequent LiBH4 clusters. 
It was found that Li and LiH, however, do not wet the graphene even after the boron-doping. 
Extending this model system to the infiltrated scaffolds, an ejection of Li and LiH, which would not 
wet the carbon scaffold, while boron-based compounds remain in the scaffold could be expected. 
These results and predictions provide an explanation for the experimentally observed preferential 
ejection of LiH to the scaffold surface and highlights that the wetting behavior of the decomposition 
products of the hydride must be considered when selecting a hydride-scaffold pair. 
 
5.4 Conclusions 
 
In this work, the structures of four highly ordered mesoporous carbon scaffolds were 
examined using a combination of nitrogen sorption, CTEM, and HAADF-STEM. The projection 
artifacts that arise from the through-thickness nature of TEM observation were discussed as well as 
best practices for accurate characterization.  It was also discovered that the scaffolds grow in domains 
of different column orientations rather than as single-orientation monoliths. The inaccessibility of 
some of these domains to infiltration may explain the reduced practical filling capacity observed in 
the nano-confinement of LiBH4 and may impact other aspects of their performance. 
LiBH4 nano-confined into these scaffolds was also investigated using electron microscopy 
and TEM heating. It was discovered that the desorption product LiH is ejected during 
dehydrogenation at 200 °C, forming a granular crust of nano-cubes and cuboids on the outer 
scaffold surface. These nano-crystals were also found to have migrated completely away from the 
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scaffolds across the carbon support film. This loss of storage medium from inside the scaffold with 
cycles explains the performance degradation observed in these systems. This has implications for the 
long-term viability of these systems, suggesting that the dehydrogenation and hydrogenation 
temperatures must be reduced and mechanisms to limit temperature excursions of the systems 
identified.  
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5.6 Figures 
 
 
 
 
 
 
Figure 5.1. Nitrogen adsorption measurements used to determine specific surface area, pore volume, 
and pore sizes. 
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Figure 5.2. Pore size distributions of the mesoporous carbon scaffolds, calculated using the BJH 
method from nitrogen adsorption measurements, Figure 5.1. 
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Figure 5.3. Micrographs of the scaffold structures. The first column shows HAADF-STEM 
micrographs of the pores end-on. For the C1 scaffold, two CTEM micrographs are included instead, 
showing the two different scales of pores observed.  The second column shows HAADF-STEM 
micrographs of the pores in profile. The third column shows CTEM micrographs of the columns in 
profile. All scale bars are 50 nm. 
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Figure 5.4. HAADF-STEM micrograph of a LiBH4-infiltrated C4 scaffold particle showing two 
neighboring grains. The domain boundary is indicated by the dotted lines. The pore orientations of 
the domains are indicated by solid black lines. The dotted white line reaching from the upper right 
corner of each image to the bottom indicates the edge of the underlying carbon support film.  
 
 
 
Figure 5.5. HAADF-STEM micrograph of a C3 scaffold particle composed of many domains. The 
pore orientations of some domains are indicated by black lines and dots. The hexagonal (60°) 
relationship of the domains is readily apparent. Select micrographs from a tilt series of this particle 
are shown in Figure 5.6. 
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Figure 5.6. Selected cropped micrographs from the tilt series of the same area, from the C3 scaffold 
particle shown in Figure 5.5, over the angular range -11° to +33°.   
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Figure 5.7. (a) CTEM micrograph of a C2 scaffold domain with end curvature. (b) HAADF-STEM 
micrograph of curvature in an aggregate of C4 scaffold particles. (c) HAADF-STEM micrograph of 
a C1 scaffold particle with intradomain curvature. The particle also exhibits the half-size artifact. 
 
 
 
Figure 5.8. (a) HAADF-STEM micrograph of a C3 scaffold particle and (b) cartoon showing the 
relationship of the more-visible reduced pore spacing (Sreduced) and actual pore spacing (Sreal). 
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Figure 5.9. (a) CTEM micrograph of a C2 scaffold particle showing half-size half-spacing column 
artifacts, indicated by arrows. Pore spacings are indicated by lines. (b) Model showing how the 
appearance of half-size half-spacing columns are formed in projection. (c) CTEM micrograph of C4 
scaffold particle showing the relationship between the half-size columns and the actual pores, as 
proposed in (b). Lines indicate the spacings. 
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Figure 5.10. Select images taken from a HAADF-STEM tilt series of a C3 scaffold particle showing 
the alternating appearance of full-size and half-sized columns.  
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Figure 5.11. (a) Model showing how wide-thin projection artifacts can form, resulting in smaller 
apparent pore widths compared to wall widths. (b) CTEM micrograph of a C2 scaffold particle 
showing this artifact. (c) CTEM micrograph of a C2 scaffold particle showing a half-size artifact 
version of the wide-thin artifact. (d) HAADF-STEM micrograph of a region of the particle domain 
just below (a), demonstrating how HAADF-STEM is not effected as strongly as CTEM by this 
artifact. 
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Figure 5.12. CTEM micrographs of C3 scaffold particles showing how the pore width appears to 
narrow with scaffold thickness (a) parallel and (b) perpendicular to pore direction. Arrows indicate 
the direction of increasing thickness, and thus narrowing apparent column width. In (c) there are 
two relatively abrupt increases in thickness, indicated by arrows 2 and 3, with a correspondingly 
sharp change in apparent column width in the direction indicated by arrow 1.  
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Figure 5.13. (a) CTEM and (b) HAADF-STEM micrographs of the same region of a C2 scaffold 
particle. A variety of artifacts are present, including (1) half-size half-spacing, (2, 3, 5) wide-thin, and 
(4) off-axis end-on pores. The arrow in the inset (of the region boxed in black) indicates the 
secondary spots/streaks. Comparing (a) and (b) demonstrates the different degrees to which the two 
imaging modes display these artifacts. 
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Figure 5.14. CTEM micrographs of a C3 scaffold particle taken at different defocus values, labeled 
in the upper right, showing pores in profile. The greater the underfocus, the smaller the pores appear 
to be.  
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Figure 5.15. CTEM micrographs of a C3 scaffold particle taken at different defocus values, labeled 
in the upper right, showing pores end-on. The greater the underfocus, the smaller the pores appear 
to be. 
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Figure 5.16 CTEM micrographs of a C2 scaffold particle taken (a) in focus and (b) in an overfocus 
condition exhibiting a contrast reversal. Arrows indicate where the contrast reversal and change in 
wall-to-diameter ratios are particularly clear.  
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Figure 5.17. Bright-field CTEM images of an infiltrated scaffold particle (a) before and (b) 
immediately after concentrating the electron beam down on the particle. The crust, visible on the 
surface in (a) and some amount of the storage medium inside the scaffold were ejected from the 
scaffold particle. Some of this ejected material is indicated by arrows in (b). 
 
  
 123 
 
 
 
Figure 5.18. Nitrogen adsorption measurement used to determine specific surface area, pore 
volume, and pore sizes.  
 
 
 
Figure 5.19. Pore size distribution of the nanoporous carbon scaffold, calculated using the BJH 
method from the nitrogen desorption curve in Figure 5.18. 
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Figure 5.20. Typical EDS spectra taken from a LiBH4-infiltrated scaffold particle. The Mo, Ta, and 
Cu in the spectra are from the stage, washers holding the specimen, and TEM specimen grid, 
respectively. No contaminates were detectable in any of the scans. 
 
 
 
Figure 5.21. HAADF-STEM micrographs of overfilled scaffold particles showing examples of the 
form non-infiltrated external LiBH4 takes. Arrows indicate some blisters of LiBH4: (a) side view and 
(b) top/bottom view. Although these are larger than most examples, the shapes observed were the 
same regardless of size. These were selected due to the increased contrast with size, for ease of 
viewing. 
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Figure 5.22. HAADF-STEM micrographs of the same LiBH4-infiltrated meso-porous carbon 
scaffold particle after the (a) 100°C and (b) 200°C TEM heating runs. The boundary between the 
two domains of columns is indicated by a black dotted curve in (a) along with straight lines showing 
the column orientation in each domain. The white dotted line reaching from the upper right corner 
of each image to the bottom indicates the edge of the underlying carbon support film. 
 
  
 126 
 
 
 
Figure 5.23. HAADF-STEM micrographs of the same LiBH4-infiltrated NPC scaffold particle after 
the (a) 100°C and (b) 200°C TEM heating runs. The pore structure of the underlying scaffold is 
clearly visible and intact both before and after the nanocrystalline crust forms. 
 
 
 
Figure 5.24. SEM micrograph of a LiBH4-infiltrated NPC scaffold particle (upper left half ) 
supported on a holey carbon film (lower right half ) after annealing at 250 °C. The granular crust of 
LiH nanocrystals can clearly be seen on the exterior of the scaffold particle. Nanocrystals are also 
evident on the carbon support film. 
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Figure 5.25. (a) Typical electron diffraction pattern from a LiBH4-infiltrated NPC particle following 
formation of granular crust via outgas. The contrast was adjusted in the left half in order to more 
clearly show the fainter outer rings. (b) Integrated radial intensity profile of (a) along with the 
expected diffraction peaks of LiH, indicated by dotted lines. (c) Bright-field and (d) dark-field TEM 
micrographs of the particle used for (a). For (d), the objective aperture was placed over a portion of 
the LiH 200 ring, indicated by the white circle in (a), revealing some of the nanocrystals in the crust. 
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Figure 5.26. (a) HAADF-STEM micrograph of LiH nanocrystals migrating away from the scaffold 
particle (lower right) across the holey carbon support grid. Their size distribution is shown in Figure 
5.27. (b) Close-ups of selected crystals, where it is clear they are composed of smaller crystals. 
 
 
 
Figure 5.27. Size distribution of the migrating LiH crystals in Figure 5.26 (black line) and the 
carbon precipitates, as shown in Figure 5.28 (dashed line). The areas of the crystals were measured 
and an effective side length, assuming square crystals, was calculated. The bin size for counting was 1 
nm. For the carbon precipitates, the bin size was 0.5 nm.   
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Figure 5.28. HAADF-STEM micrograph showing the size, shape, and spatial distribution of the 
carbon precipitates on the carbon support grid after annealing. Their size distribution is plotted in 
Figure 5.27. 
 
 
 
Figure 5.29. HAADF-STEM images of round nodules formed from external LiBH4 during the 
dehydrogenation process. Some nodules have been indicated by arrows. The contrast on the scaffold 
particles has been intentionally oversaturated to make the thinner nodules easier to see. 
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Figure 5.30. HAADF-STEM micrographs of a LiBH4-infiltrated carbon scaffold particle following 
DSC-heating to 550°C at 10°C/min. (b) and (c) show close-ups of (b) bristle- and (c) nodule-dense 
regions of the scaffold, as indicated by the boxes in (a). 
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CHAPTER 6 
 
Ni-CATALYZED MAGNESIUM HYDRIDE 
  
Prior studies have reported that nickel catalyst significantly enhances the hydrogen uptake 
and release kinetics of magnesium hydride [1-5]. High-energy ball-milling is typically used to reduce 
particle size as well as disperse the catalyst in the hydride. An increase in the hydrogen desorption 
temperature was reported with increased milling duration, as well as a degradation of the desorption 
temperature, desorption rate, and storage capacity with hydrogen cycling [4]. The microstructural 
reasons behind this behavior, however, were not pursued, and the limitations of the characterization 
techniques employed left the structure and catalyst dispersion of the materials uncertain.  
 In this chapter, the morphology and dispersion of Ni catalyst high-energy ball-milled in 
MgH2 was directly characterized both before and after hydrogen desorption to provide an 
understanding of the link between the synthesis process, the microstructures produced, and 
hydrogen performance. Damage induced by the interaction of the electron beam with the material 
and how this affected the experiments is detailed in Section 6.1. The dehydrogenation performance 
of the material was assessed with thermogravimetric analysis (TGA) and the results reported in 
Section 6.2. In Section 6.3, electron microscopy, spectroscopy, and tomography were used to 
investigate the morphology and catalyst dispersion; selected-area electron diffraction (SAED) and 
powder x-ray diffraction (XRD) were utilized to determine the microstructure; and in situ TEM 
heating was used to probe how the material evolves during hydrogen desorption. In Section 6.4, the 
dependence of the system performance on the form in which Ni is introduced is probed by 
comparing the morphology and dispersion of Ni introduced as either anhydrous NiCl2 or pure Ni 
nanopowder. The results of these studies are discussed in Section 6.5, followed by concluding 
remarks in Section 6.6. 
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6.1 Degradation of MgH2 in the Electron Microscope 
 
As was noted in Section 3.4.5, light metal hydrides, including MgH2, are sensitive to damage 
by the electron beam, especially in conventional TEM (CTEM) mode, which has a much higher 
total beam current than STEM imaging mode. Thus, understanding the extent of the damage and 
how to minimize its effects were of concern for the current work. In CTEM, when a MgH2 particle 
was moved into view, rapid contrast fluctuations in the grains – indicating that the diffraction 
conditions were changing due to local distortions and heating by the beam – were observed for the 
first few seconds, after which the contrast appeared to stabilize. Overall changes in grain size, as 
gauged by the fineness of mottling, were not observed, implying that large-scale coarsening of the 
grains was not being induced. From the stability of the electron diffraction patterns and the 
prevalence of Mg over MgH2 in the patterns, one can conclude that the electron beam decomposed 
some of the MgH2 grains into Mg, rather than these changes being attributable to some other 
reaction or a leak in the transfer stage. This is supported by the presence of MgH2, rather than Mg, 
diffraction peaks in the powder XRD spectra of the specimens. As long as the electron beam was 
spread and not focused to a small diameter onto the particles, no significant alterations to the 
morphology beyond the initial fluctuation were observed.  
 Although STEM imaging uses a focused probe, the total dosage is lower when averaged over 
the area. As long as the magnification was kept sufficiently low – keeping the area over which the 
beam is rastered sufficiently large, roughly below 100 kX – significant damage to the specimen due 
to the electron beam could be avoided for durations adequate for characterization. The nominal 
probe current used was 225 pA, with a dwell time of 16 μs. Prolonged exposure to the beam, such as 
that required for acquisition of the images needed to form a tomogram, resulted in some degradation 
of the MgH2; the details of this are discussed in Section 6.2.1.  Holding the STEM probe stationary 
resulted in the boring of a small hole at that location. These holes were observed following EDS 
scans, in which the beam is held at a point or grid of points for the duration of the spectrum 
acquisition time. To gauge the damage induced during EDS mapping, four sets of spectral maps – 
with a 10 minute acquisition time for each set – were performed sequentially with only a break to 
acquire a new STEM micrograph of the particle being analyzed. Four particles were tested this way; 
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the images of one are shown in Figure 6.1. Only the MgH2 exhibited any damage from this process, 
and beyond the degradation to the MgH2 from the first scan – the small voids throughout the 
particle – no notable changes were observed in the particles. The Ni catalyst particles, which appear 
as bright spots in the images, a few of which are indicated by arrows, do not change in size, shape, or 
location even if the immediately surrounding MgH2 was affected. 
To ensure that the phenomena observed in the tracked particles during the heating 
experiments were not merely the result of beam effects, fresh particles, which had not been 
previously imaged or scanned, were examined after each heating step. No significant differences in 
their morphological evolution were noted between the tracked and fresh particles.  
 
6.2 Dehydrogenation Performance of Ni- and NiCl2-catalyzed MgH2 
 
To correlate the microstructural and morphological changes observed via the electron 
microscope with the performance of the material, the hydrogen release behavior of the samples was 
measured using a TGA. Figure 6.2 shows the fractional weight loss curves for the dehydrogenation. 
The onset temperatures of hydrogen release and the final weight % losses are listed in Table 6.1. The 
dehydrogenation performance worsened with increased mechanical milling duration, although the 
change appears to level off beyond a certain time. The 1-hour specimen exhibited a roughly 25 °C 
lower desorption temperature than the 5- and 10-hour specimens, which had effectively identical 
onset temperatures. Dehydrogenation appeared to complete at roughly the same temperature, with 
the 1- and 10-hour specimens both having released 5.9 wt% of hydrogen by the time the samples 
reached 325 °C. The 10-hour specimen did show a faster dehydrogenation rate than the 1-hour 
specimen, however, as evidenced by a steeper slope in Figure 6.2, and a narrower derivative weight 
loss (wt%/°C) peak width, Figure 6.3. The 5-hour specimen exhibited a reduced wt% of release 
hydrogen, possibly due to an increased amount of oxidation, which could also explain the slower 
release rate and complex, multi-step release behavior seen in Figure 6.3. A second TGA heating run, 
listed in parentheses in Table 6.1, confirmed these trends and values. 
The hydrogen desorption performance of the NiCl2-doped material, as measured using TGA, 
is compared to the 1-hour milled Ni-nanopowder-doped specimen in Figure 6.4. The onset 
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temperature and final weight loss is listed in Table 6.1. The NiCl2-doped material exhibited poor 
dehydrogenation performance, having a higher desorption temperature and lower amount of 
hydrogen released than even the 5- and 10-hour milled Ni-nanopowder-doped material. The onset 
of hydrogen desorption began at 60 °C higher than in the 1-hour Ni-doped case, and had only 
released 4.5 wt% of hydrogen by 325 °C, by which point the 1- and 10-hour Ni-doped material had 
already completed dehydrogenation. The final quantity of hydrogen released was 0.7 wt% lower than 
in those systems, as well. The rate of dehydrogenation, as gauged by the derivative weight loss curves, 
Figure 6.5, was basically the same as the 1-hour case, with nearly identical FWHM values, Table 6.1. 
As with the Ni-doped material, a second TGA desorption experiment was run to confirm the results. 
The NiCl2 exhibited more variation between the two runs than did the other materials, though it 
still performed significantly worse in the second. 
 
Table 6.1. Dehydrogenation values extracted from TGA heating experiments. The values listed in 
parentheses are from the second trial. The FWHM values were measured from the derivative weight 
loss (wt%/°C ) curves, Figures 6.3 and 6.4. 
Catalyst Milling 
Duration 
Onset Temp 
(°C) 
Total Weight  
% loss 
FWHM 
(°C) 
Ni 1-hour 221 (214) 5.90 (5.92) 41 
 5-hour 244 (243) 5.72 (5.54) 55 
 10-hour 246 (247) 6.01 (5.88) 35 
NiCl2 1-hour 281 (269) 5.24 (5.50) 43 
 
6.3 Effect of Ball-milling Duration and Hydrogen Desorption on Ni-doped 
Magnesium Hydride 
 
6.3.1 Morphology and Catalyst Dispersion as a Function of Milling Time 
 
The mechanically milled mixtures of MgH2 + 0.05 Ni consisted of aggregates – composed of 
MgH2 and Ni particles – typically ranging in size from below 100 nm up to a few microns. The same 
wide range of agglomerate sizes was present in the specimens of all three milling durations examined, 
1- 5- and 10-hours. On the scale of these aggregates, no significant differences were observed by 
SEM between different milling durations, either for the MgH2 or the Ni, Figure 6.6a-c. The surfaces 
of the MgH2 aggregates noticeably roughened with increasing milling. The morphologies of the 
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MgH2 aggregates in the 5- and 10-hour milled material were similar, being rough and wavy, unlike 
that of the 1-hour material, which had smoother and flatter and surfaces. The mottled appearance of 
the aggregates in CTEM micrographs, Figure 6.7, indicates the material is polycrystalline, since not 
all MgH2 grains could be in identical contrast simultaneously. This is supported by the SAED 
patterns, which show the magnesium to be polycrystalline with no observable preferential 
orientation of the grains. The mottling of the 5- and 10-hour specimens was of a finer scale than the 
1-hour, supporting a refinement of the grain size with increased milling time. Corroborating this, the 
rings of diffraction spots are nearly continuous by 5 hours of milling, indicating either a fine or 
ultra-fine grain size.  
Powder XRD spectra acquired from the 1- and 10-hour material agree with the microscopy 
observations. The indexed spectra, along with the Kapton tape background spectrum, are shown in 
Figure 6.8. The diffraction peaks were analyzed using MDI JADE, which confirmed the presence of 
all the expected diffraction peaks for MgH2 and Ni in the acquisition range.  The MgH2 peaks most 
closely corresponded to those of the α-MgH2 phase. The MgH2 peaks of the 10-hour specimen are 
broader and less intense than in the 1-hour specimen, supporting the refinement of grain size with 
milling. Figure 6.9a-b shows enlarged examples of two of these peaks. Each of the MgH2 of the 1-
hour material also exhibited doublet peaks located to the right of the main peaks. The spacing of 
these doublets was too large to be due to Kα-Kβ splitting.  These doublets were fitted with 
Lorentzians using OriginPro, with light smoothing applied to the spectrum to assist the fitting 
algorithm (c.f. Figure 6.10 and Table 6.2). The crystal lattice associated with these peaks is the same 
as for the main peaks but with a contraction of ~1% for all materials exhibiting secondary peaks. 
Peak heights and areas were also extracted from the fits, Table 6.3, and the total area was used to 
provide a rough estimate of the mass ratio of the two phases. The ratio of the total areas of the main 
and doublet peaks for the five MgH2 peaks fitted was ~1.52. Doublet peaks could not be 
distinguished in the XRD spectra of the 10-hour milled material, however, the MgH2 peaks are 
broad enough and positioned such that both the main and doublet were sufficiently broad and low 
intensity to account for the presence of the doublets in this sample as well.. In contrast, the Ni peaks 
of the 10-hour material, as seen in Figure 6.9c-d, show a clear lack of a doublet peak.   
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Table 6.2. Locations and distances of the main and doublet peaks, measured from the fitted peaks in 
Figure 6.10, and the percent contraction of the matching lattice plane to which the peak 
corresponds. 
Material hkl 2θ Main 
(°) 
2θ Doublet 
(°) 
Separation 
(°) 
Separation 
(nm) 
Contraction 
(%) 
MgH2 
110 27.66 27.96 0.300 0.034 1.06 
101 35.50 35.87 0.369 0.025 1.00 
200 39.68 40.12 0.433 0.024 1.04 
211 54.41 54.92 0.512 0.015 0.86 
Ni 111 44.29 44.73 0.437 0.019 0.93 
 
Table 6.3. Areas and heights of the main and doublet peaks, measured from the fitted peaks in 
Figure 6.10, along with the total area and area ratio of the MgH2 main/doublet peaks.  
Material hkl 
Area Height 
Main Doublet Main Doublet M/D 
MgH2 
110 79.7 71.2 215 204 1.05 
101 153.3 116.7 278 198 1.40 
200 66.1 44.1 131 118 1.11 
211 168.5 75.1 291 122 2.39 
Ni 111 123.2 49.1 254 110 2.31 
Total Area 467.6 307.1    
Area Ratio 1.52     
 
 HAADF-STEM imaging allows the Ni catalyst to be easily distinguished from the Mg due to 
their large difference in atomic weight. Prior to ball-milling, the Ni nanopowder selected for the 
catalyst consisted of spherical Ni nanoparticles 10-80 nm in diameter, Figure 6.11, with the 
occasional rare sphere with a diameter of 0.5-2 μm. The shape, size, and dispersion of the Ni catalyst 
were found to vary considerably as milling time increased, with the Ni dispersion becoming finer 
and more uniform with increased milling time. In the 1-hour milled specimen, Figures 6.12a-c, 
long, irregular streaks and spherical or ovoid particles of Ni were observed mixed into the MgH2 
aggregate clusters. The Ni particles were typically tens of nanometers across – round particles as small 
as 3 nm and as large as 86 nm across were observed – with the more elongated particles having aspect 
ratios ~2-9, with as high as 17 observed. Chemical mapping using EDS, Figure 6.13a, revealed that 
the Ni was primarily localized into these discrete Ni nanoparticles. After 5 hours of milling, Figures 
6.12d-f, fewer discrete Ni nanoparticles were seen and these were of a smaller size than in the 1-hour 
specimen. The Ni also tended to be rounder and more regular, with aspect ratios typically below 4 
 137 
 
after 5 hours of milling time. The EDS maps show that, while localized Ni particles remained, a 
more diffuse background level of Ni across the MgH2 aggregates had formed, Figure 6.13b. After 10 
hours of milling, Figures 6.12g-i, the discrete Ni nanoparticles had greatly diminished in number 
and a stronger, more uniform delocalized background level of Ni was observed, Figure 6.13c. Of the 
distinguishable Ni particles that remained, the largest were only 10-20 nm in diameter. Many MgH2 
particles were seen to be covered with very small particles, < 5nm in size, Figures 6.12h-i. Attempts 
to chemically map these particles at a higher resolution induced too much damage from beam 
heating, which prevented conclusive identification of their chemistry. EDS point spectra taken at 
various locations in these aggregates revealed Ni/Mg ratios of ~0.03-0.05, Table 6.4, sufficiently 
consistent with the initial stoichiometry to conclude that the expected amount of Ni, while less 
directly visible, was still present in the material. Except where noted, the point spectra were taken at 
locations not immediately on a distinguishable Ni particle. Focusing the EDS probe directly onto a 
Ni particle, 7b in Table 6.4, yields a significantly higher Ni/Mg ratio than the lower, more uniform 
levels detected elsewhere. 
 
Table 6.4. Ratios of Ni to Mg from EDS point spectra performed on 10-hour milled particles. The 
probe for scan 7b was positioned directly on a visible Ni particle. 
Particle # Ni/Mg Ratio 
1 0.0253 
2 0.0416 
3 0.0380 
4 0.0504 
5 0.0397 
6 0.0338 
7a 0.0299 
7b 0.2499 
 
 The trend of decreasing nickel catalyst particle size is borne out in the XRD spectra, as well. 
The two main Ni peaks in the scan are shown in Figure 6.9c-d. The Ni peaks of the 10-hour 
specimen are much lower intensity than the 1-hour counterparts, consistent with the dramatic 
reduction in catalyst particle size observed in the electron microscope. The presence of the primary 
Mg2NiH4 diffraction peak (220), Figure 6.9e, in the 10-hour material but not in the 1-hour, reveals 
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the formation of the intermetallic Mg2NiH4 compound with increased milling time. The height and 
area of the Mg2NiH4 peak are equivalent to that of the primary Ni peak, implying a significant 
portion of the Ni catalyst has been transformed. The Ni peaks in the spectrum for the 1-hour milled 
specimen also exhibited a doublet peak located to the right of the main peak. Like the MgH2 
doublets, the spacing corresponds to a contraction of ~1%. The area ratio for the fitted Ni (111) 
peak pair was ~2.5 (c.f. Figure 6.10 and Table 6.3). The Ni peaks for the 10-hour milled material, 
however, show a clear lack of doublets. 
Comparing the SAED patterns of the 1- and 10-hour milled specimens, Figure 6.14a-b, also 
reveals a decrease in the strength and/or prevalence of Ni spots accompanied by an increase in the 
strength and/or prevalence of Mg2Ni spots. This is consistent with the formation of intermetallic 
Mg2NiH4 with longer milling times. The reduction in Ni diffraction spots implies there are not 
enough discrete Ni particles to yield strong diffraction patterns. Mg2Ni is the dehydrogenated form 
of Mg2NiH4, in agreement with increasing milling time transforming more of the Ni into the 
intermetallic compound Mg2NiH4. 
In order to obtain a more precise and complete understanding of the dispersion of the Ni 
catalyst and its relation to the MgH2, electron tomography was performed on a 1-hour milled 
specimen. A tilt series of HAADF-STEM micrographs were acquired every 2° over the angular range 
+76° to -72°. While this series of images, shown in Figure 6.15, provides an idea of particle size and 
shape, a tomographic reconstruction is required to determine the absolute positions of the catalyst 
particles in the material as well as provide the full 3D morphologies. The reconstruction was 
performed using EM3D[6] and visualized using UCSF Chimera [7] and ImageJ [8]. Figure 6.16a-b 
shows a micrograph from the tilt series and a snapshot of the resulting tomogram. The tomogram 
shows that most of the Ni catalyst resides on or just below the surface of the MgH2 particles, at 
depths roughly equal to or less than the size of the nanoparticle. The Ni nanoparticles found further 
inside the MgH2 tended to be smaller and more irregular in shape – including curved plate-like 
shapes and elongated slivers, while larger more spherical or ovoid Ni particles tended to be only 
partially pressed into the MgH2 surface or occupied the interstices between MgH2 particles. 
Exceptions existed, but most Ni particles followed these trends. The depths of the Ni nanoparticles 
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are best measured from orthogonal slices through the reconstruction; Figure 6.16c-e show these slices 
for example Ni particles: (c) a small, round interior particle, (d) a large, ovoid exterior/interstitial 
particle, and (e) a plate-like interior/near-sub-surface particle. The holes and channels in the MgH2 
particles, visible as darker regions, were products of interaction with the electron beam – likely beam-
heating-induced decomposition of the MgH2. Their formation did not alter the size, shape, or 
location of the Ni, and was completed before the acquisition of the tilt series. 
 Examination of the materials in CTEM and with SAED, Figure 6.7, revealed the presence of 
an oxide layer covering the surface of the MgH2 aggregates in all three materials. This was confirmed 
by EDS mapping, Figure 6.17. The smooth, continuous rings in all the diffraction patterns, indexed 
in Figure 6.18a, correspond to MgO. Dark-field images formed from the MgO (200) diffraction 
ring, Figure 6.18b, showed the oxide is nanocrystalline with 1.2-3 nm grains and no preferential 
texture. Gaps up to 10 nm in diameter were observed and were more common in the 1- and 10-hour 
material than the 5-hour sample. The oxide layers were noticeably rougher in the 5- and 10-hour 
milled specimens. The diffraction peaks of the MgO shell were also present in both XRD spectra – 
the primary (200) peak is shown in Figure 6.9f – though they were of very low intensity. No 
differences in the size and shape of this oxide peak were seen between the 1- and 10-hour milled 
materials.  
 
6.3.2 Changes in Morphology and Catalyst Dispersion with Dehydrogenation 
 
Specimens of all three milling durations were dehydrogenated via in situ TEM heating to 300 
°C to investigate the evolution of the synthesized structures during hydrogen desorption. No large-
scale exterior morphological changes were observed in the SEM with a single desorption, Figure 
6.19. Significant interior morphological changes occurred, however, as seen in HAADF-STEM 
micrographs of particle aggregates that were followed during the heating experiments, Figure 6.20. 
In the 1-hour sample, large hollows, indicated by arrows, up to a few hundred nanometers wide 
formed in roughly half the aggregates observed, Figure 6.20d. The hollows also formed to a lesser 
degree in the 5- and 10-hour samples. On the exterior of most of the 1-hour aggregates, Figure 
6.20g, as well as some 5- and 10- hour aggregates, gaps formed between the oxide layer and the inner 
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material. This is attributed to the underlying MgH2 contracting and moving away from the oxide 
during decomposition to the higher density Mg phase. Most of the 5- and 10-hour specimens 
exhibited a different morphology upon heating, as seen in Figure 6.20e-f and g-i: a smooth shell 
encasing rough masses of agglomerated Mg, unlike the smoother, more solid-looking interior masses 
of the 1-hour specimens. The oxide shells of the 5- and 10-hour specimens also appear to be more 
substantial than in the 1-hour material. This contraction of the Mg from the oxide layer had the 
added benefit of making the structure of the oxide easier to distinguish, confirming that it fully 
surrounded the Mg/MgH2 material. These changes and differences are not attributable to electron 
beam damage due to prior examination. SEM micrographs of the post-heat 1-hour aggregates, 
Figure 6.19a, show the same hollow oxide shell with a solid-looking Mg core that had receded from 
the surface oxide layer, lending the aggregates a semi-transparent appearance. As seen in CTEM 
micrographs, Figure 6.7, the 5-hour milled material exhibited less shrinkage of the interior Mg away 
from the oxide layer, and the oxide layer followed the topology of the underlying material, changing 
as it changed morphology. While this morphology and behavior was observed occasionally in the 
other two materials, it was considerably more prevalent in the 5-hour case. In all three materials, the 
mottling of the Mg following dehydrogenation was on a larger scale and more uniform in overall 
contrast than the MgH2, implying a coarsening of grain size. The corresponding SAED patterns 
show a significant reduction in non-MgO diffraction spots resulting in more discontinuous rings. 
No Mg was seen to exit the oxide shell during desorption, which may play some role in why no 
appreciable sintering of the particles occurred.  
EDS chemical mapping of aggregates both before and after dehydrogenation, Figure 6.21, 
reveal changes in the Ni catalyst. In the 1-hour specimen, the distinct, localized Ni particles began to 
dissolve, growing less distinct. The dissolution was also observed in the 5-hour specimen for the 
remaining localized Ni particles. In the 10-hour specimen, however, what appeared to be a slight 
reagglomeration of Ni was observed in many aggregates. The number and strength of Mg2Ni 
diffraction spots did increase during desorption in all materials, Figure 6.14c-d, suggesting that more 
of the Ni was transformed into the intermetallic compound during desorption.  
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6.4 Using Catalyst Form to Tailor Morphology and Dispersion 
 
6.4.1 As-Milled State 
 
The current work also explored whether the form in which the catalyst is introduced can be 
used as a tool to tailor the catalyst morphology and dispersion in the material. In this study, 
anhydrous nickel chloride (ANC), NiCl2, was added to MgH2 and high-energy ball-milled for 1 
hour under identical conditions as the 1-hour-milled material from Section 6.3, in which the catalyst 
was introduced as pure nickel nanopowder (NNP). Prior to ball-milling, the anhydrous NiCl2, 
Figure 6.22, existed as sharply faceted hexagonal flakes 50-1000s of nanometers across with high 
aspect ratios. Most were hundreds of nanometers across and around 20-60 nm thick. After milling, 
the subsequent morphology and dispersion of the catalyst in the ANC-doped material was 
significantly different than in the NNP-doped specimen. The resulting Ni particles, Figure 6.23a-b, 
were all 10-100 times smaller and much more uniformly sized than in the NNP case, Figure 6.23c. 
The largest Ni catalyst particle observed was around 10 nm and the smallest 2 nm although there 
may well be smaller ones; below 2 nm they become difficult to distinguish due to poorer contrast. 
The Ni particles in the ANC-doped material were also more finely dispersed than in the NNP-doped 
case, often forming patches up to hundreds of nanometers across, Figure 6.23b, in which the 
individual particles were still clearly distinguishable rather than sintering into larger Ni particles.  
The Cl distribution was found to be similar to that of Ni but more diffuse in these 
specimens, as determined by EDS spectral mapping, Figure 6.24, suggesting that upon 
decomposition of the NiCl2, the Ni stayed relatively stationary as nano-sized particles while the Cl 
diffused away into or onto the MgH2. Some NiCl2 particles still remained, indicated in Figure 6.25 
by black arrows, but most had decomposed, leaving behind Ni particles, indicated by white arrows, 
and a more uniform background level of Cl.  
Electron tomography was used to determine the spatial residence of the catalyst particles with 
respect to the magnesium hydride. A tilt series of STEM micrographs was collected over the angular 
range -72° to +74°, with an image taken every 2°. These images, Figure 6.26, were aligned, 
reconstructed, and visualized using the same methods as mentioned in Section 6.3.1. Figure 6.27a-b 
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shows a micrograph from the tilt series and a snapshot from the resulting tomogram. The tomogram 
confirmed that, unlike in the Ni nanoparticle-doped material, the Ni particles in the NiCl2-doped 
material are limited to the exterior surface of the MgH2 particles. No Ni was found to be fully 
encased in MgH2. This is showcased by the three example catalyst particles labeled in Figure 6.27b 
and their corresponding orthogonal slices through the tomogram, included in Figure 6.27c-f. Holes 
and channels from interaction with the electron beam are also visible in this specimen; their 
formation was completed before the tilt series was acquired and did not alter the morphology or 
location of the Ni particles. 
NiCl2-doped aggregates, SEM micrograph Figure 6.28a, are more angular in their overall 
morphology compared to the NNP-doped material, Figure 6.28b. The constituent particles in the 
aggregates appear to be in greater contact with each other, as if they have begun to fuse, whereas the 
particles in the NNP-doped material are more distinct. This is borne out in the STEM image shown 
in Figure 6.23a, which also exhibits the greater angularity of the MgH2 particles.  
The indexed powder XRD spectrum for the NiCl2-doped material is included in Figure 6.8. 
All the same α-MgH2 and Ni peaks are present as in the NNP-doped specimens. The MgH2 peaks, 
however, are much sharper and narrower for the NiCl2-doped specimen, as seen in Figure 6.29a-b, 
than for the NNP-doped material, indicating the grain size of the ANC-catalyzed material is larger. 
An average grain size of 25.5 nm was estimated from the MgH2 peaks using the Williamson-Hall 
method [9] within the commercial software MDI JADE. The Ni peaks, Figure 6.29c-d, are of a 
similar breadth and shallowness as the 10-hour milled NNP-doped material, attributable to both 
having nanometer-scale Ni particle sizes. Neither the MgH2 nor the Ni peaks exhibit any doublets. 
Two additional features were noted that were not present in the NNP-doped spectra: two small, 
broad peaks, shown in Figure 6.29d-e. The closest matches for these peaks are the MgCl2 (110/113) 
and the MgCl2 (012), respectively. The primary MgCl2 peak (104) was not observed; though its 
position, marked by an arrow in Figure 6.29b, lies on the tail of the large MgH2 (200) peak. 
Like in the NNP-doped material, a nanocrystalline MgO layer was present on the outside of 
the aggregates, as seen in the CTEM micrographs and corresponding SAED patterns presented in 
Figure 6.30. The size, shape, and dispersion of the Ni catalyst particles, the small dark spots in the 
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images, also agree with the earlier observations. The inset in Figure 6.30a shows a high magnification 
view of a cluster or patch of Ni, indicated by the arrow, where the individual particles are still 
distinguishable.  
 
6.4.2 Changes with Dehydrogenation 
 
Following in situ TEM heating to 300 °C, the sharper edges of the initially angular ANC-
doped aggregates were smoothed, as seen in the SEM images presented in Figure 6.19c-d, and the 
constituent particles appear to have begun to agglomerate. The material, as seen in the STEM 
micrographs presented in Figure 6.31, showed less significant change in morphology than the NNP-
catalyzed material, Figure 6.20. Some shrinking of the Mg away from the outer oxide layer is still 
visible, indicated by arrows in Figure 6.31c-d, but it is not as dramatic as in the NNP-doped 
material. The Ni particles in the ANC-doped material seemed to be more stable than those in the 
NNP-catalyzed material, with no statistically significant changes observed with dehydrogenation.  
Recession of the Mg away from the outer oxide layer was also evident in the CTEM 
micrograph shown in Figure 6.30b. No noticeable changes in the oxide, in thickness or shape, were 
observed as the MgH2 shrank during heating. Although a drastic reduction in non-MgO spots in the 
corresponding SAED patterns occurred, like in the NNP-doped material, faint MgCl2 diffraction 
spots remained visible following heating.  
 
6.5 Discussion 
 
6.5.1 Morphology and Dispersion of Ni Catalyst with Milling and Dehydrogenation 
 
The tomographic reconstruction performed on the 1-hour milled material showed that the 
Ni catalyst is not limited to the surface of the hydride particles; some Ni is embedded entirely inside. 
The Ni particles that appeared to be the least affected by ball-milling – larger and spherical or ovoid 
– were found exterior to the hydride, e.g., in the interstices between particles, while the Ni particles 
found inside were distorted and smaller, suggesting that the ratio of interior to exterior Ni will 
increase with milling time. The information gained using electron tomography highlighted the 
inadequacy of SEM and conventional S/TEM for the characterization of catalyst dispersion; the 
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current work casts doubt on prior claims of catalyst being limited to the surface, backed using low-
resolution SEM analysis [4, 10, 11]. 
The continued evolution of Ni catalyst dispersion during dehydrogenation observed in the 
EDS mapping – and seen in the S/TEM micrographs – indicates that the as-milled structure of 
MgH2/Ni system is metastable. Localized Ni nanoparticles dissolve and Ni that is already highly 
dispersed may reagglomerate. This suggests that regardless of the initial synthesized state of the 
material, there may be one state into which all the microstructures will eventually evolve given 
enough cycles. This implies that the ability to tune the uptake and release characteristics of MgH2/Ni 
systems via mechanical milling parameters may be rather limited, and provides an explanation for 
the observations of poor cyclic stability in Ni-doped MgH2 materials [4]. 
An increase in the formation of the intermetallic Mg2NiH4 with milling time was confirmed 
by XRD, and the relative increase in strength and number of the Mg2Ni spots in the electron 
diffraction patterns after desorption implies that the transformation of the Ni into Mg2Ni is a 
process that continues as the material is cycled. The latter observation is consistent with Hanada et 
al. [4], who noted the appearance of Mg2Ni in the XRD spectrum of a dehydrogenated specimen. 
This consumption of Ni to form the intermetallic during dehydrogenation also agrees with the 
dissolution of the discrete Ni particles during heating that was observed in the 1- and 5-hour 
specimens. The slight reagglomeration seen in some 10-hour specimens may be a coalescence of 
Mg2Ni which had been highly dispersed during the ball-milling procedure.    
As seen in the CTEM images and their corresponding electron diffraction patterns, the outer 
oxide shells on the MgH2 aggregates appear to be quite stable. MgO surface layers are normally 
considered to be nearly impermeable, or at least highly retarding, to hydrogen diffusion and a reason 
for diminished sorption performance [12-16]. In these specimens, however, desorption still occurred 
at much lower temperatures than bulk MgH2, especially in the 1-hour sample, and the oxide shells 
on these specimens were not observed to rupture during dehydrogenation. This indicates that either 
the MgO layers in these samples are sufficiently permeable to hydrogen to allow a reasonable rate of 
diffusion – perhaps due to the very small-grained polycrystalline nature of the oxide – or are 
sufficiently porous to allow access to the underlying MgH2/Mg, or both. The ability of the material 
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to function even in the presence of an oxide layer is important for practical application, where some 
degree of oxidation may prove unavoidable. The higher desorption temperatures observed in the 5- 
and 10-hour specimens may indicate that the oxide layer becomes more prevalent or less porous with 
increasing milling times. Although the oxide shells in the current study appeared to be structurally 
stable over the course of a single dehydrogenation, it is unknown how the shells will hold up to 
repeated cycling, and whether or not the stresses from the volumetric changes will eventually cause 
the shell to be broken apart. In the 1- and 10-hour milled material where, during dehydrogenation, 
the Mg appears to be surrounded in oxide shells that largely retained their size, the oxide shell, if it 
remains sufficiently intact, may help reduce sintering between the Mg particles during cycling, 
promoting greater cyclic stability. In a study of Mg thin-film model systems, Ostenfeld and 
Chorkendorff found that capping the film with an MgO layer, while it delayed hydrogen desorption, 
stabilized the underlying Mg, preventing otherwise significant amounts of Mg sublimation at 
temperatures around 177 °C that led to rapid sintering in equivalent oxide-free Mg films [15]. 
The tracking of individual particles before and after desorption allowed the evolved 
morphology to be directly compared with its initial state. It was observed that, as it dehydrogenated, 
the MgH2 shrank away from the outer oxide layer leaving behind oxide shells. These shells did not 
significantly change size or shape, being partially filled with Mg, which possesses a higher density 
than MgH2 and thus occupies a lower volume. Empty oxide shells, which were occasionally 
observed, where the result of the Mg inside the shell being drawn away through a neighboring, 
attached aggregate. No Mg was found outside the oxide layer, nor was the oxide layer seen to have 
ruptured, allowing Mg to escape. This result disproves the proposition of Montone et al. [17] that 
Mg is ejected during desorption, which they used to explain partially empty oxide shells. Nor was 
any concentration of catalyst inside the shell, segregated from the ejected Mg, observed in the 
current work. The ability to directly compare the evolved structures in this study, lacking in prior 
studies, dispels the uncertainty around how these structures formed. 
While the decreased grain size and more uniform dispersion of Ni catalyst with increased 
milling duration would be expected to result in better dehydrogenation performance, two factors 
may explain the increase in observed desorption temperatures. First, residual oxygen during the 
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mechanical milling process will readily oxidize the MgH2 particle surfaces. These particles continue 
to be sheared and broken apart over the course of milling, uncovering fresh MgH2 surfaces, which 
could then be oxidized. It is possible this may cause a more thorough coating of the material with 
oxide the longer it is milled. Increased oxidation would provide an increased barrier to hydrogen 
release and may explain, at least in part, the higher desorption temperatures. The increased 
formation of Mg2Ni/Mg2NiH4 with increasing milling time may also contribute to the higher 
desorption temperatures. While this intermetallic entity can function as a hydrogen storage material 
in its own right, albeit with significantly lower hydrogen capacity, it may not be as effective a catalyst 
as pure Ni; as more and more of the Ni is bound up in Mg2Ni with longer milling times, there is an 
effective decrease in the amount of Ni catalyst available. This is in agreement with  Hanada et al. [4], 
who found that the catalytic ability of Mg2Ni was weaker than that of pure Ni metal. Adding more 
Ni catalyst might help mitigate these losses, but doing so also reduces the hydrogen storage capacity 
of the material. If the degredation in performance is indeed due to the formation of Mg/Ni 
intermetallic material, one potential solution is to select a catalyst which exhibits a low affinity, 
unlike Ni, for forming compounds with Mg. One such material, Ti, which does not form 
equilibrium Mg-Ti compounds, was investigated and is discussed in Chapter 7. 
The higher rate of hydrogen release seen in the 10-hour specimen compared to the 1-hour 
one may be due to the more refined grain structure of the former. Given the similarities in changes 
in the 5- and 10-hour specimens observed during dehydrogenation in S/TEM, as well as the nearly 
identical onset temperatures, it would be expected that the proper desorption rate of the 5-hour 
specimen should be closer to the 10-hour specimen and faster than the 1-hour. The greater similarity 
of the 5-hour morphology to the 10-hour rather than the 1-hour suggests that there may be an 
effective milling duration threshold; milling beyond which will not appreciably alter the morphology 
and microstructure, and thus performance. Further testing, however, would be needed to confirm 
this.  
The doublet spacing seen in the XRD spectra for the 1-hour Ni-doped specimen, listed in 
Table 6.2, is too wide to be accounted for by Cu Kα-Kβ splitting. The spacing also increases with 
angle in a manner consistent with a physical change in the material rather than an instrumental 
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effect. The Ni-doped specimens did exhibit some evolution of gas between two and three hours into 
the scan, evidenced by a slight bowing out of the Kapton film, which nonetheless remained airtight. 
However, this cannot be the reason for the doublets since they are present from the very first peak. 
They would only be expected to appear in the angular range beyond the halfway point (50°) if gas 
evolution were the cause. It is more likely that the doublets are due to a second phase, or phases, of 
material. Since all MgH2 peaks exhibit a doublet, the second phase possesses the same tetragonal 
crystal structure as MgH2 but a smaller lattice spacing. This could be explained by some amount of 
non-stoichiometric magnesium hydride. The presence of doublets on the Ni peaks in the 1-hour but 
not 10-hour Ni-doped specimens could be due to Mg-Ni alloying. While the two are immiscible in 
equilibrium, high-energy ball-milling is a very non-equilibrium process and can induce non-
equilibrium changes as well as introduce a large number of vacancies into the system. Mg-Ni alloying 
in the 1-hour specimen could be the precursor to the formation of Mg2NiH4 intermetallic material 
with continued milling; the intermetallic compound was not formed immediately. This would 
explain the disappearance of the Ni doublets and the presence of the Mg2NiH4 peak in the 10-hour 
spectrum. 
 
6.5.2 Effect of Catalyst Form on Morphology and Dispersion 
 
The current work has demonstrated that the form of the catalyst during introduction can be 
a powerful tool for tailoring the catalyst morphology and dispersion in these materials. Using 
anhydrous NiCl2 instead of pure Ni nanopowder resulted in much finer and more uniformly sized 
Ni particles for identical milling durations. Electron tomography showed that the catalyst form can 
also be used to control where the catalyst is located with respect to the hydride particles. With Ni-
nanopowder, the catalyst resided in a mix of internal and external positions whereas with anhydrous 
NiCl2 the Ni particles were limited to the surface of the MgH2. The larger grain size of the MgH2 
milled with NiCl2 suggests that the MgH2 was not deformed as much during the one hour of 
milling, and thus one could expect a reduced incorporation of catalyst inside the hydride particles. 
Despite the finer and more dispersed catalyst morphology of the NiCl2-doped material, the 
system exhibited significantly poorer hydrogen release performance than the equivalent NNP-doped 
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specimen. The EDS chemical maps provide an explanation for this behavior. These maps show that 
the spatial distribution of the Cl and Ni are very similar, with the Cl being more diffuse. This 
indicates that upon introduction the NiCl2 decomposed, leaving behind the Ni catalyst particles. 
The Cl then diffused across and/or into the MgH2, forming MgCl2. The latter compound is 
energetically favorable, with a standard enthalpy of formation of -641.3 kJ/mol, even more negative 
than MgO, -601.6 kJ/mol [18], a compound magnesium readily forms on exposure to oxygen. Thus, 
it is expected that all or almost all of the Cl released from decomposed NiCl2 quickly formed MgCl2. 
This MgCl2, which is not a hydrogen storage material, is interposed between the Ni left behind and 
the remaining MgH2, forming a barrier between the catalyst and the hydride, hindering the ability of 
the Ni to function as an effective catalyst in the hydrogen reactions. It is possible that further milling 
of the material may separate the MgCl2 and Ni, putting the Ni into contact with fresh MgH2, but 
this runs the risk of transforming the Ni into Mg2NiH4, as was observed in the Ni-nanopowder 
system. The presence of Mg2Ni diffraction spots in the electron diffraction patterns after even 1 hour 
of milling implies that forming the intermetallic compound is inevitable. 
 
6.6 Conclusions 
 
 In this work, the morphologies and catalyst dispersions of 1-, 5-, and 10-hour high-
energy ball-milled Ni-doped MgH2 were examined using S/TEM, EDS, SAED, electron 
tomography, in situ TEM heating, and powder XRD. Thermogravimetric analysis was used to gauge 
the dehydrogenation performance of the materials, and revealed that the hydrogen desorption 
temperature and desorption rate both increased with increasing milling time while the amount of 
released hydrogen stayed the same. The desorption temperature did not increase beyond 5 hours of 
milling. The Ni catalyst particles were highly localized after 1 hour of milling, but with increasing 
milling duration particle size decreased and the discrete Ni particles produced a more uniform 
background of Ni after 10 hours. XRD and SAED showed that as milling time increased, more Ni 
was transformed into the intermetallic Mg2NiH4, which provides an explanation for the increased 
desorption temperature. This has implications for the selection of catalytic species, suggesting that 
hydride-catalyst pairs be chosen with low miscibility. After 1 hour of milling, the Ni particles resided 
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both outside and inside the MgH2, with the ratio of interior to exterior Ni increasing with milling 
duration. Despite the presence of a nanocrystalline MgO layer up to a few nanometers thick on the 
exterior of the MgH2 aggregates in all three materials, they still exhibited improved hydrogen 
desorption behavior, especially in the 1-hour case. The oxide layers in the 5- and 10-hour material 
were noticeably rougher than in the 1-hour material, indicating that the details of this oxide layer 
may be an important factor in sorption and warrants further study. 
 During dehydrogenation, continued dissolution of the discrete Ni catalyst particles and 
an increase in the prevalence of Mg2Ni diffraction spots in SAED patterns indicated that Ni 
continued to be transformed into the intermetallic Mg2Ni/Mg2NiH4 with hydrogen cycling. In the 
10-hour material, reagglomeration of Ni was seen in many aggregates. These results demonstrate that 
the as-synthesized structure of the Mg-Ni material is not stable and continues to evolve with cycling. 
This explains the degradation in sorption kinetics reported in this system [4]. During heating, the 
MgH2 was observed to recede from the outer oxide layer, which largely remained intact, resulting in 
hollow or partially hollow oxide shells surrounding coalesced Mg cores. As no Mg was seen to exit 
the oxide layer, the oxide shells could act as beneficial obstacles to aggregate sintering should they 
remain intact during cycling. 
 This work also demonstrated that the form in which the catalyst is introduced during 
ball-milling can be used as a tool for tailoring the morphology and dispersion of the catalyst. 
Anhydrous NiCl2 was introduced as an alternative catalyst to the pure Ni nanopowder used in the 
other specimens and ball-milled for 1 hour. Most of the NiCl2 decomposed during milling, with the 
Cl diffusing away to the MgH2 and forming MgCl2, yielding a significantly different structure than 
in the 1-hour milled Ni nanopowder material. A dramatic reduction in the Ni particle size by up to 
two orders of magnitude was observed, and the particle size was much more uniform. The Ni 
catalyst was more dispersed, forming patches of nanoparticles that were limited to the exterior 
surface of the MgH2; no Ni was entirely embedded inside. The greatly increased hydrogen 
desorption temperature and reduced amount of released hydrogen are attributed to the formation of 
MgCl2 barriers between the Ni particles and the rest of the MgH2, hindering the ability of the Ni to 
function as catalyst.  
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6.8 Figures 
 
 
 
Figure 6.1. HAADF-STEM micrographs of an aggregate of the 10-hour milled Ni-doped material 
before (upper left) and immediately following sequential EDS scans. Arrows indicate example Ni 
particles, which exhibited no noticeable changes during the process. 
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Figure 6.2. TGA weight loss curves for the 1-, 5-, and 10-hour milled Ni-doped MgH2. These 
curves are from the first run. The onset temperatures and total weight losses determined from these 
curves are listed in Table 6.1.  
 
 
 
Figure 6.3. TGA derivative weight loss curves for the 1-, 5-, and 10-hour milled Ni-doped MgH2 
determined from the curves in Figure 6.2. The FWHM of the curves are listed in Table 6.1. 
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Figure 6.4. TGA weight loss curves for the 1-hour milled (black) Ni-doped and (gray) NiCl2-doped 
MgH2. These curves are from the first run. The onset temperatures and total weight losses 
determined from these curves are listed in Table 6.1. 
 
 
 
Figure 6.5. TGA derivative weight loss curves for the 1-hour milled (black) Ni-doped and (gray) 
NiCl2-doped MgH2 determined from the curves in Figure 6.4. The FWHM of the curves are listed 
in Table 6.1. 
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Figure 6.6. SEM micrographs of MgH2 aggregates from the (a) 1-, (b) 5-, and (c) 10-hour milled 
Ni-doped material in the as-milled state. All images are the same magnification. 
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Figure 6.7. TEM micrographs and accompanying electron diffraction patterns for 1- (a,d), 5-(b,e), 
and 10-hour (c,f ) milled specimens showing the same particle both before (a-c) and after (d-f ) in situ 
TEM heating to 300 °C. The image to which each diffraction pattern corresponds is indicated by the 
black arrows. All scale bars are 50 nm. 
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Figure 6.8. Indexed powder XRD spectra for the 1- and 10-hour milled Ni-doped material (blue 
and red, respectively), 1-hour milled NiCl2-doped material (orange), and of the empty holder 
covered by the Kapton tape used to protect the specimens from oxidation (black). The spectra have 
been offset in intensity for ease of comparison. 
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Figure 6.9. Selected enlarged peaks from the XRD spectra of the 1- and 10-hour milled material 
from Figure 6.8 (blue and red, respectively). Peak identities are labeled by each feature. Doublets are 
observed in the MgH2 (a-b) and Ni (c-d) peaks of the 1-hour specimen.  
 158 
 
 
 
 
Figure 6.10. Overlayed peak decompositions for selected MgH2 and Ni peaks in the 1-hour milled 
Ni-doped material. The two component peaks and the overall fit are superimposed on the smoothed 
XRD spectral data. Details of the fits are listed in Table 6.2 and 6.3. 
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Figure 6.11. HAADF-STEM micrograph of the Ni nanopowder used as a catalyst in the Ni-doped 
material prior to ball-milling. The particles are largely all spherical in shape and 10-80 nm in 
diameter.  
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Figure 6.12.  HAADF-STEM micrographs of 1- (a-c), 5- (d-f ), and 10-hour (g-i) milled Ni-doped 
MgH2 specimens in the as-synthesized state. 
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Figure 6.13. EDS chemical maps of 1-, 5-, and 10-hour milled specimens in the as-synthesized 
state. The dark-field intensity, Mg, and Ni maps are shown. All maps are 2.189 μm wide. 
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Figure 6.14. Indexed SAED patterns for the (a-b) 1- and (c-d) 10-hour milled MgH2 aggregates in 
Figure 6.7. The SAED were taken (a,c) before and (b,d) after in situ TEM heating to 300 °C. Rings 
connecting the discontinuous spots have been overlaid for ease of identification. The matching 
diffraction rings for selected materials have been marked: (upper) Mg and α-MgH2, and (right) 
Mg2Ni, Mg2NiH4, and Ni. In (c) and (d), the black arrow indicates where a Mg2Ni and Ni 
diffraction ring overlaps sufficiently to not be distinguishable. The MgO rings (see Figure 6.18) are 
present in all four patterns but have not been labeled here. 
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Figure 6.15. Selected HAADF-STEM micrographs from a single-axis tilt series from +76° to -72° 
used in the tomographic reconstruction in Figure 6.16. The angular values listed are the x-axis tilt at 
which the image was taken. 
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Figure 6.16. (a) HAADF-STEM micrograph from the tilt series of a 1-hour milled aggregate. (b) 
Tomographic reconstruction of the aggregate in (a) in a similar orientation. The Mg is colored blue 
and the Ni is colored yellow. (c-e) Orthographic slices through the reconstruction, showing how the 
3D relationship of three example Ni particles, indicated in (b), to the MgH2. 
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Figure 6.17. EDS chemical mapping of a 1-hour milled Ni-doped MgH2 aggregate. The slow scan 
(500 ms dwell time) clearly shows the outer oxide surface layer on the aggregate.  The Ni particles 
appear as shells due to the high count rate from those regions oversaturating the x-ray detector. A fast 
scan using a shorter dwell time (100 ms) confirmed that the Ni particles are solid. The maps are 630 
nm across and were acquired at Argonne National Laboratory. 
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Figure 6.18. (a) bright-field TEM micrograph of 1-hour milled Ni-doped MgH2 with the oxide 
surface layer visible. The MgO diffraction rings have been labeled in the corresponding diffraction 
pattern. (b) dark-field TEM image formed with the objective aperture placed over a portion of the 
MgO (200) diffraction ring.  
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Figure 6.19. SEM micrographs of MgH2 aggregates from the (a) 1-, (b) 5-, and (c) 10-hour milled 
Ni-doped material after in situ STEM heating to 300°C. The arrows in (a) and (c) indicate areas 
where the separation of the underlying Mg/MgH2 from the outer oxide layer is easier to see. All 
images are the same magnification. 
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Figure 6.20. HAADF-STEM micrographs of 1-, 5-, and 10-hour milled specimens before (a-c) and 
after (d-i) in situ STEM heating to 300 °C. (a-f ) are before/after image pairs of the same particles, 
while (g-i) are additional post-heat images to show detail. The arrows in (d) indicate large voids that 
formed with heating. Higher magnification views of where the inner MgH2 separated from the outer 
oxide layer is shown in the insets in (g). All scale bars are 200 nm. 
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Figure 6.21. EDS chemical maps of 1-, 5-, and 10-hour milled specimens showing the same particle 
before and after in situ STEM heating to 300 °C. All maps are 1.751 μm wide. 
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Figure 6.22. HAADF-STEM micrograph of the anhydrous NiCl2 flakes prior to ball-milling.  
 
 
 
Figure 6.23. HAADF-STEM micrographs of 1-hour milled (a-b) NiCl2-doped and (c) NNP-doped 
MgH2 showing the differences in Ni catalyst (the bright spots) morphology and dispersion. (b) is a 
close up of a patch of Ni particles in (a); the individual catalyst particles are still easily 
distinguishable. 
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Figure 6.24. EDS spectral maps of a 1-hour milled NiCl2-doped MgH2 aggregate showing 
distribution of Mg, Cl, and Ni, along with the dark-field intensity. All maps are 3.5 μm across. 
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Figure 6.25. EDS spectral maps of a 1-hour milled NiCl2-doped MgH2 aggregate with arrows 
showing examples of (black) residual NiCl2 and (white) Ni left behind after the NiCl2 decomposed. 
All maps are 1.6 μm across and were acquired at Argonne National Laboratory.  
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Figure 6.26. Selected HAADF-STEM micrographs from a single-axis tilt series from -72° to +74° 
used in the tomographic reconstruction in Figure 6.27. The angular values listed are the x-axis tilt at 
which the image was taken 
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Figure 6.27. (a) HAADF-STEM micrograph from the tilt series of a 1-hour milled NiCl2-doped 
MgH2 aggregate. (b) Tomographic reconstruction of the aggregate in (a) in a similar orientation. The 
Mg is colored blue and the Ni is colored yellow. (c-e) Orthographic slices through the 
reconstruction, showing the 3D relationship of three example Ni particles, indicated in (b), to the 
MgH2. 
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Figure 6.28. SEM micrographs of 1-hour milled (a,c) NiCl2-doped and (b,d) Ni-doped MgH2 
aggregates (a-b) before and (c-d) after S/TEM heating to 300°C, showing the different morphologies 
and their evolution with hydrogen desorption. The before and after are not the same specific 
aggregates. The arrows in (c) show examples of the constituent particles fusing together. The inset in 
(d) shows a where the interior MgH2 could clearly be seen to have shrunk away from the outer oxide 
layer. 
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Figure 6.29. Selected enlarged peaks from the XRD spectra of the 1-hour milled Ni-doped (blue) 
and NiCl2-doped (orange) materials shown in Figure 6.18. Peak identities are labeled by each feature. 
No doublets are present in the spectrum of the NiCl2-doped specimen.  
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Figure 6.30. TEM micrographs and accompanying electron diffraction patterns of a 1-hour NiCl2-
doped MgH2 aggregate (a) before and (b) after TEM heating to 300 °C. The image to which each 
diffraction pattern corresponds is indicated by the black arrows. The inset in (a) shows a cluster of 
the small Ni catalyst particles. 
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Figure 6.31. HAADF-STEM micrographs of NiCl2-doped MgH2 (a-b) before and (c-d) after 
STEM heating to 300 °C. Arrows indicate areas where the separation of the interior Mg/MgH2 from 
the outer oxide layer is more easily seen. No appreciable change is observed in the Ni catalyst 
particles. 
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CHAPTER 7 
 
TiH2-CATALYZED MAGNESIUM HYDRIDE 
 
Prior studies of ball-milled magnesium catalyzed with titanium hydride reported significant 
improvement in kinetic properties compared to MgH2 alone and excellent cyclic stability, with 
effectively no loss of hydrogen capacity over hundreds of cycles [1-3]. The limitations of the 
characterization techniques employed in these studies, however, created uncertainty in understanding 
the reasons why the MgH2-TiH2 system retained its exemplary performance with hydrogen cycling 
while others, like the MgH2-Ni system discussed in Chapter 6, did not. In this chapter, high-energy 
high-pressure (HEHP) ball-milled MgH2 + 0.1 TiH2 material is investigated using electron 
microscopy, spectroscopy, and tomography. Section 7.1 briefly addresses the effects of interaction of 
the material with the electron beam. In Section 7.2, the morphology of the material and the 
dispersion of the titanium hydride catalyst are explored as a function of milling duration. By 
examining both as-milled and dehydrogenated versions of the materials, as well as using in situ TEM 
heating, the changes that occur during hydrogen desorption were also probed. The results of these 
studies are discussed in Section 7.3, which is followed by concluding remarks in Section 7.4. 
 
7.1 Degradation in the Electron Microscope 
 
 The TiH2-catalyzed MgH2 exhibited much the same behavior from interaction with the 
electron beam in the S/TEM as did the Ni-doped material, discussed in Section 6.1. As long as the 
magnification was kept below approximately 100 kX (with a ≤32 μs dwell time), no significant 
degradation was observed during STEM imaging. Holding the STEM probe stationary or focusing 
the beam tightly in CTEM bored a hole through the particle and thus was avoided. As in the Ni-
catalyzed material, the only visible damage occurred in the MgH2, which decomposed if subjected to 
sufficient beam-heating. The TiH2 particles showed no changes either in morphology or location 
during normal imaging and EDS characterization. Although the material displayed a greater 
resilience overall to damage from the electron beam, compared to the Ni-doped MgH2, the same 
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protocols as described in Section 6.1 were followed to minimize potential alterations during 
characterization. 
 
7.2 Effect of High-energy High-pressure Ball-milling Duration and Hydrogen 
Desorption on TiH2-doped Magnesium Hydride 
 
7.2.1 Morphology and Catalyst Dispersion as a Function of Milling Time 
 
The high-energy high-pressure (HEHP) ball-milled MgH2 + 0.1 TiH2 material consists of 
particle aggregates of a wide range of sizes, from roughly 100 nm to a few microns. This same spread 
of sizes was observed in all three specimens: the 2-, 4-, and 8-hour milled material. For all three 
milling durations investigated the angular TiH2 particles remained highly localized with sharply 
delineated edges, making them easily distinguishable from the MgH2 in HAADF-STEM 
micrographs, Figure 7.1. With increasing milling time, the size range of the TiH2 catalyst particles 
decreased; particle size became more uniform, with a corresponding increase in particle number. 
After two hours of milling, the TiH2 exhibited the widest range of sizes, with particles from 5 to 250 
nm across observed, although most were between 20 and 90 nm. The larger TiH2 particles tended to 
be plate-like or angular rods in shape, and more equiaxed below 20 nm. After four hours of milling, 
catalyst particles ranged from a few nm to 100 nm, with most below 60 nm. Particles above 100 nm 
were very rare. After eight hours of milling, most TiH2 particles were below 30 nm in size, rarely 
above 40 nm. 
EDS spectral mapping, Figure 7.2, confirmed the localization observed in the STEM images. 
In the 2- and 4-hour scans, the Ti is highly localized, with no detectable Ti signal from MgH2 
regions lacking visible Ti particles; each cluster of Ti counts corresponded one-to-one with a Ti 
particle in the dark-field image. The 8-hour maps still show the TiH2 as quite localized, but there is a 
higher apparent background signal of Ti between the catalyst particles. It is uncertain whether this is 
due to a mixing of the Ti in the MgH2, or whether it is merely a result of the smaller particle sizes 
and greater number of particles yielding the appearance of a background signal in projection. This 
result, however, was consistent across all scans taken. A 7.3 hour EDS scan of the 4-hour milled 
material, acquired using the software Revolution from 4pi Analysis Inc., Figure 7.3, confirms the 
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highly localized nature of the TiH2, with no observable chemical mixing between the Mg and the Ti. 
A low-level uniform background signal of Fe was detected, with occasional, sparsely spaced particles 
of Fe. Representative Fe particles are indicated by arrows. Point spectra taken at these Fe particles 
exhibited concomitant Cr and Ni signals, suggesting that this is debris from the stainless steel 
grinding balls used in the ball-milling process. This agrees with the variability in the Fe point-scan 
signal levels with location, which was too high to be due to general scatter from microscope 
components. The level of Fe apart from these particles was far below that of TiH2, so it is unlikely 
that the Fe played any significant role in the behavior of the material. 
Electron tomography was used to obtain the full 3D relationship of the TiH2 to the MgH2. A 
tilt series of HAADF-STEM micrographs of a 2-hour milled MgH2 aggregate was acquired over the 
angular range -64° to +58°, with an image taken every 2°, selections from which are shown in Figure 
7.4. The images were aligned and reconstructed using the ImageJ plugin TomoJ [4] and visualized 
using FIJI [5] and UCSF Chimera [6]. A snapshot of the reconstruction and a STEM micrograph 
from a similar angle are shown in Figure 7.5. From the tomogram, it was found that the TiH2 
catalyst particles are not limited to the surface of the MgH2 particles, but are distributed throughout, 
with a significant amount of TiH2 fully embedded. This can be seen in the series of slices through the 
tomogram in the depth direction (i.e. the slices are in the XY plane) included in Figure 7.6, which 
clearly shows that the TiH2 resides both inside and outside the MgH2. It also shows that the larger 
TiH2 particles tended to be on the outside or partially pressed into the surface rather than entirely 
embedded. There are some exceptions, such as the large rectangular bar seen in the first three slices, 
indicated by an arrow.  
As was the case in the Ni-doped MgH2, Chapter 6, a surface oxide layer was also present on 
the TiH2-catalyzed MgH2. The constituent particles of the MgH2 aggregates showed an MgO layer 
on their exteriors and between each other. The oxide was highly polycrystalline, composed of nano-
scale MgO grains typically 1.5-5 nm in size, with no grains larger than 12 nm observed, as shown in 
the bright-field/dark-field image pairs of Figure 7.7. CTEM imaging was used to examine the 
morphology of the oxide, Figure 7.8, and was paired with EDS point spectra. Three of the point 
spectra are included with the corresponding CTEM micrograph, with the circles indicating the 
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location and size of the electron beam during the scan. The intensities of each spectrum have all been 
scaled for ease of viewing. Some gauge of the oxide thickness could be gained by comparing the ratio 
of the Mg peak to the oxygen peak, included in the upper right of each spectrum, as the beam was 
positioned progressively deeper into the specimen. The 2-hour milled material exhibited much 
thicker oxide layers than the 4- and 8-hour counterparts, with a high oxide signal evident 
throughout the whole aggregate, and the Mg/O ratio remaining both consistent and low even 100 
nm beneath the surface. In the 4- and 8-hour milled specimens, a significant drop in oxide signal 
relative to the Mg could be observed by moving the beam in from the surface even a short distance, 
20 nm or less. Mg-rich locations, such as shown in Figure 7.7k, were common in the 4- and 8-hour 
aggregates, but were very rare in the 2-hour material without moving to areas so thick as to render 
the oxygen signal uninterpretable due to absorption. 
 
7.2.2 Changes in Morphology and Catalyst Dispersion with Dehydrogenation 
 
Dehydrogenated versions of the three materials were also investigated to probe how the 
morphology and catalyst dispersion evolved with hydrogen desorption. Specimens of 4- and 8-hour 
milled material following the first dehydrogenation and 2-hour material that had been partially 
rehydrogenated following the fourth re/dehydrogenation cycle were examined. In HAADF-STEM 
micrographs of these specimens, Figure 7.9, the TiH2 appeared just as discrete and localized as it was 
in the materials prior to hydrogen desorption. This was confirmed by EDS spectral mapping of the 
2-hour partially rehydrogenated specimen, Figure 7.2, which showed no evidence of dissolution or 
consolidation of TiH2 catalyst particles. In both these techniques, the sizes and spatial distribution of 
the TiH2 particles are the same as in the corresponding as-milled material. Significant differences in 
aggregate morphology were observed following dehydrogenation. The surfaces of the 
dehydrogenated aggregates exhibited a more jagged appearance than before hydrogen desorption, 
with TiH2 particles visibly jutting from the Mg surface. Examples of this are indicated in Figure 7.9 
by the white arrows. Holes or channels also formed in some aggregates, indicated by the black arrow. 
This was most commonly seen in the 4-hour specimen and was rare in the 2- and 8-hour specimens. 
Thin, wavy structures standing off at a distance from the Mg particles and often surrounding them 
 183 
 
were also observed; examples of these structures are clearly seen in Figure 7.9d. CTEM EDS, Figure 
7.10, revealed these structures to be magnesium oxide. These structures were present in all materials, 
but at substantially difference frequencies. Whereas almost every aggregate in the 4-hour material 
exhibited these wavy structures, they were seen on no more than a third of the aggregates in the 2- 
and 8-hour material, and then usually at a much lower degree of coverage.  
In situ TEM heating, Figure 7.11, was performed on the 4-hour milled material to 
investigate how these structures formed. The material was heated to 350 °C and held at that 
temperature for 30 minutes to ensure complete dehydrogenation. Although some rotation and 
rearrangement of the MgH2 aggregates occurred, it could be seen that the wavy oxide structures did 
not grow out from the surface, as the MgH2 decomposed into the lower-volume Mg, but rather 
shrank away from the outer oxide layer. The insets of Figure 7.11 show close-ups of example areas 
where the oxide shell has been left behind as the Mg receded. A tilt series of CTEM micrographs, 
acquired over the angular range -25° to +25° with an image every 1°, confirm that the outer oxide 
layer fully encloses the Mg/MgH2 aggregates, Figure 7.12, and that the curving, dark lines on the 
oxide shells are actually walls of the shell viewed end-on. Using the width of the dark lines as an 
estimate of oxide shell thickness suggests that the oxide shells are generally 1-2.5 nm-wide. No 
noticeable difference in the thicknesses of the stand-off oxide shells measured this way was observed 
between the three materials. For smaller MgH2 particles, this usually resulted in hollow or partially 
hollow oxide shells, as seen in the tilt series shown in Figures 7.13 and 7.14, respectively. The former 
shows an oxide shell containing no residual Mg, while in Figure 7.14 an encapsulated shrunken core 
of Mg is seen inside. For larger MgH2 particles, the oxide layer sometimes followed the topology of 
the receding Mg, presumably from a lack of sufficient structure support. The latter behavior was also 
predominant in the 2- and 8-hour material. No Mg was observed outside of the oxide surface nor 
was any ejection of material from inside the oxide shells seen. TiH2 particles were observed 
embedded in the oxide shells, Figure 7.15, even after the Mg that once surrounded them had 
retreated. This is consistent with the lack of coalescence or significant movement of the TiH2 catalyst 
particles during dehydrogenation suggested by the protrusion of TiH2 particles from the surface seen 
in Figure 7.9.  
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The oxide surface morphologies of the dehydrogenated 4- and 8-hour milled material, as 
seen in the CTEM micrographs of Figure 7.10, were similar in appearance, with a primarily coherent 
oxide layer. In the 2-hour partially rehydrogenated specimen, however, the aggregate surfaces are 
littered with small particles of debris, which was predominantly composed of broken pieces of oxide. 
This suggests that, while the oxide layer remained intact after a single desorption cycle, as was seen in 
the 4- and 8-hour milled material, this may not necessarily be the case with repeated cycling.   
 
7.3 Discussion 
 
The electron microscopy and tomography performed in this work revealed that after only 
two hours of milling the TiH2 catalyst particles are dispersed both inside and on the surface of MgH2 
particles. While the completely embedded interior TiH2 particles likely do not participate in the 
surface adsorption and dissociation of hydrogen, they could play an important role in the nucleation 
and growth step of the hydrogenation and dehydrogenation reactions, generally accepted to be the 
rate-limiting step and primarily controlled by the slow diffusion of hydrogen in Mg/MgH2 [3, 7]. 
Calculations and experimental work have shown that transition metal particles, such as Ti, can act as 
nucleation centers for the growing hydride or dehydrided phases [8-10]. In MgH2 doped with 
Nb2O5, Isobe et al. observed that decomposition of the MgH2 phase occurred at the interface 
between the MgH2 and Nb2O5 phases [11]. If the TiH2 catalyst particles were limited to the surface 
of the MgH2, its ability to assist in the nucleation and growth reaction in the interior could be 
limited. The more uniform dispersion of TiH2 catalyst seen herein implies that a greater amount of 
MgH2 is in close contact with TiH2 particles, and thus exposed to potential nucleation and growth 
sites, facilitating growth/decomposition throughout the Mg/MgH2 particles rather than just at the 
surface. The increased number of nucleation and growth sites offered by these interior TiH2 particles 
may also explain how the titanium hydride hinders severe coarsening of the Mg/MgH2 grains, as 
observed by Cuevas et al. [3] Transport of hydrogen is faster at the interfaces between the MgH2 and 
TiH2 phases than in MgH2 alone, so having catalyst particles dispersed throughout the material may 
also allow them to act as hydrogen gateways to channel the hydrogen to the interior Mg/MgH2, 
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circumventing the sluggish diffusion rates of hydrogen in Mg/MgH2, and promoting nucleation and 
growth at the interior TiH2 particles. 
While STEM micrographs and EDS spectral mapping showed the TiH2 particles in the 2- 
and 4-hour milled material to be highly localized, the slightly less discrete TiH2 particles observed in 
the 8-hour milled material may indicate some level of alloying of the Mg and Ti. Although the two 
are thermodynamically immiscible, high-energy ball-milling is a non-equilibrium process. Further 
study would be needed to confirm the degree of alloying and whether it could reduce the catalytic 
ability of the TiH2 sufficiently to explain the dramatic increase in desorption temperature seen in this 
system for milling durations longer than four hours, Figure 2.8 [2]. If this is indeed the reason for 
the performance decrease, increased milling time reduces catalyst particle size but increases alloying, 
the optimum milling time is in the vicinity of four hours. 
The TiH2 catalyst particles also displayed excellent stability both in size and position during 
hydrogen desorption, as revealed by STEM and EDS. No noticeable change in the range of sizes of 
the TiH2 particles was observed, and no significant differences were noted in its dispersion. The 
change in Mg/MgH2 aggregate morphology from smoother surfaces to a more jagged appearance 
with protruding TiH2 particles indicates that Mg/MgH2 is the primary mobile material during the 
hydrogen reactions. This is supported by the in situ TEM heating experiment in which the MgH2 
was seen to have receded from the outer oxide layer during the decomposition to the lower-volume 
Mg phase, leaving gaps between the core Mg phase and the oxide layer surrounding it. A cartoon of 
how the protruding TiH2 and stand-off oxide shells could have formed without significant 
movement of the TiH2 particles, based on the observations of the current study, is shown in Figure 
7.16. No congregation or segregation of the catalyst particles was observed, nor was any Mg seen to 
exit the oxide shell; the magnesium and the titanium hydride remained in close contact before and 
after dehydrogenation. The TiH2 particles observed embedded in the stand-off oxide indicates that 
the oxide may help maintain the position of the catalyst by holding it in place during cycling. The 
stability of TiH2 particle structure and dispersion – retaining a distribution of TiH2 in the interior 
and exterior of the Mg/MgH2 particles – during hydrogen desorption provides an explanation for the 
excellent kinetic and cyclic stability observed in this system. Unlike the Ni-doped MgH2 material, 
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discussed in Chapter 6, TiH2-catalyzed MgH2 retains the initially synthesized microstructure and 
catalyst dispersion during hydrogen cycling. 
The CTEM tilt series revealed that the outer oxide layer completely surrounded the 
Mg/MgH2 aggregates. Although MgO is normally considered to be nearly impermeable, or at least 
to exhibit low diffusivity to hydrogen [12-16], the excellent sorption performance of the material 
despite this oxide layer [1, 2], suggests that the oxide shell is either sufficiently thin and nano-
crystalline – with a high density of grain boundaries – that hydrogen can diffuse through rapidly 
enough, or that there are holes or fractures in the oxide that allow the passage of hydrogen to the 
underlying material. The differences observed in the oxide surface structure after different milling 
durations following desorption suggests that the particulars of the oxide structure could play an 
important role in the sorption reactions and warrant a more in-depth study. That the 4-hour milled 
Mg/MgH2 material shrank back from the oxide layer while the 8-hour milled Mg/MgH2 had a 
greater tendency to remain in direct contact with the oxide, suggests that milling beyond four hours 
causes the oxide layer to become denser and less porous, and thus less permeable to hydrogen. While 
the TEM heating experiment showed that the oxide layer remains intact after a single desorption, the 
surface debris of broken oxide observed on the surface of the 2-hour milled material after the fourth 
cycle suggests this may not be the case. Given the potential importance of the oxide layer with 
respect to hydrogen sorption reactions, the evolution of the oxide structure with cycling warrants 
further study. 
 
7.4 Conclusions 
 
In this work, the morphologies and catalyst dispersions of 2-, 4-, and 8-hour HEHP ball-
milled TiH2-doped MgH2 were examined both in the as-synthesized and dehydrogenated states using 
electron microscopy, spectroscopy, and tomography. It was shown that with increasing milling 
duration, the size of the TiH2 particles decreased, and their number increased. In all cases, the TiH2 
was highly dispersed, with Ti residing throughout the MgH2 particles, inside and out. This 
distribution of catalyst increases the amount of MgH2 in contact with a catalyst particle, increasing 
the number of nucleation and growth sites for the Mg/MgH2 phases, and may also act as hydrogen 
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gateways to facilitate the transport of hydrogen to the interior material. The TiH2 particles exhibited 
no significant changes either in size, shape, or position during hydrogen desorption, indicating that 
the material retains the initially synthesized structure and catalyst dispersion with hydrogen cycling. 
These results provide an explanation for both the excellent kinetics and exceptional cycling stability 
of this material system. 
No evidence of alloying or dissolution of the catalyst with milling duration was found for the 
2- and 4-hour material, with potential for slight alloying in the 8-hour specimen; further study is 
needed to verify this. If true, it would indicate a trade-off exists between decreasing the catalyst 
particle sizes and increasing alloying with extended milling time, suggesting that four hours of 
milling approximates the optimum time.  
S/TEM and EDS confirmed the presence of an outer oxide layer that fully encloses the 
Mg/MgH2 aggregates. In situ TEM heating of the 4-hour milled material revealed that during 
dehydrogenation the MgH2 recedes as it decomposes into Mg, leaving behind the oxide shell which 
stands off at a distance from the Mg surface, demonstrating how the hollow or partially hollow oxide 
structures formed. The oxide layers of the 2- and 8-hour material tended to remain in closer contact 
with the underlying Mg, with a much lower frequency of stand-off oxide than in the 4-hour 
material. This difference in surface oxide structures suggests that the details of the oxide layer could 
play an important role in hydrogen sorption performance and warrants further investigation. 
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7.6 Figures 
 
 
 
Figure 7.1. HAADF-STEM micrographs of (a,b) 2-, (c-d) 4-, and (e-f ) 8-hour milled TiH2-doped 
MgH2 aggregates prior to dehydrogenation.  
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Figure 7.2. EDS chemical maps of 2-, 4-, and 8-hour milled TiH2-doped MgH2 prior to 
dehydrogenation and (rightmost column) 2-hour milled partially rehydrogenated after the fourth 
cycle. The dark-field intensity, Mg, and Ti maps are shown. Each map is 875 nm wide. 
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Figure 7.3. EDS spectral map of 4-hour milled as-synthesized TiH2-doped MgH2. The initial 
HAADF-STEM micrograph is shown in the upper left. The dark-field intensity, Mg, Ti, O, and Fe 
maps are shown. The total acquisition duration was 7.3 hours, with total integrated intensity of 100 
ms at each pixel of 125 frames. 
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Figure 7.4. Selected HAADF-STEM micrographs of a 2-hour milled TiH2-doped MgH2 aggregate 
from a single-axis tilt series from -64° to +58° used in the tomographic reconstruction in Figure 7.5. 
The angular values listed are the x-axis tilt at which the image was taken. 
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Figure 7.5. (a) HAADF-STEM micrograph from the tilt series used to reconstruct the tomogram of 
a 2-hour milled aggregate shown in (b). The TiH2 particles have been colored yellow, and the MgH2 
colored blue.  
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Figure 7.6. XY plane slices through the tomographic reconstruction shown in Figure 7.5b. The Z 
value in the upper right of each image indicates the distance of the slice from the end of the 
aggregate along the z (depth) direction.  
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Figure 7.7. CTEM (a) bright-field and corresponding (b) dark-field image of an on oxide shell on 
the surface of an 8-hour milled TiH2-doped MgH2 aggregate after hydrogen desorption. The 
objective aperture was placed over an MgO diffraction ring to form the dark-field image.  
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Figure 7.8. CTEM micrographs of (a) 2-, (e) 4-, and (i) 8-hour milled TiH2-doped MgH2 
aggregates. The circles on the images indicate the size and position of the electron beam used to 
acquire the EDS point spectra shown on the right (b-d, f-h, and j-l). The vertical axis on each 
spectrum is scaled intensity. The positions of relevant peaks have been labeled, and the ratio of the 
MgKα to the OKα peak is listed in the upper right of the corresponding spectrum. 
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Figure 7.9. HAADF-STEM micrographs of (a,b) 2-hour milled material partially rehydrgenated 
after the fourth cycle, and (c-d) 4- and (e-f ) 8-hour milled TiH2-doped MgH2 aggregates after the 
first dehydrogenation. The white triangles indicate examples of TiH2 particles protruding from the 
surface of the Mg. The black arrow indicates a hole in the Mg aggregate. 
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Figure 7.10. CTEM micrographs of (a) 2-, (e) 4-, and (i) 8-hour milled TiH2-doped MgH2 
aggregates following hydrogen desorption. The circles on the images indicate the size and position of 
the electron beam used to acquire the EDS point spectra shown on the right (b-d, f-h, and j-l). The 
vertical axis on each spectrum is scaled intensity. The positions of relevant peaks have been labeled, 
and the ratio of the MgKα to the OKα peak is listed in the upper right of the corresponding spectrum. 
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Figure 7.11. CTEM micrographs of a 4-hour milled TiH2-doped MgH2 aggregate (a) before and (b) 
after in situ TEM heating to 350 °C. The insets are enlarged versions of the areas marked by boxes, 
showing where the underlying Mg receded away, leaving behind hollow oxide shells. 
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Figure 7.12. Selected micrographs from a CTEM tilt series acquired over -25° to +25° of the oxide 
shell around a 4-hour milled TiH2-doped MgH2 aggregate following hydrogen desorption. 
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Figure 7.13. Selected micrographs from a CTEM tilt series acquired over -25° to +25° of an empty 
oxide shell on the surface of an 8-hour milled TiH2-doped MgH2 aggregate following hydrogen 
desorption. 
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Figure 7.14. Selected micrographs from a CTEM tilt series acquired over -25° to +25° of a partially 
hollow oxide shell around an 8-hour milled TiH2-doped MgH2 particle following hydrogen 
desorption. 
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Figure 7.15. HAADF-STEM micrograph of a 4-hour-milled TiH2-doped MgH2 aggregated after 
desorption. The insets (b-d) are close-ups of regions where TiH2 particles can be seen embedded in 
the oxide, left behind as the Mg/MgH2 receded during dehydrogenation.  
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Figure 7.16. Cartoon showing how the protruding TiH2 particles, stand-off oxide shells, and TiH2 
embedded in the oxide form by the receding of the Mg/MgH2 from the oxide while the Ti largely 
stays in place. 
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CHAPTER 8 
 
CONCLUSIONS 
 
The purpose of this dissertation was to provide a deeper understanding of system 
functionality in nano-confined and ball-milled light metal hydride hydrogen storage materials 
through direct characterization of the material structure and correlation with its hydrogen 
performance. In this work I investigated three material systems using electron microscopy, 
spectroscopy, and diffraction, as well as powder XRD, nitrogen sorption, and TGA where 
appropriate. Electron tomography was employed to determine the 3D morphology and dispersion of 
catalyst in the ball-milled materials, demonstrating that further quantitative information about 
catalyst residence could be gained. In situ S/TEM heating was performed to examine how the 
materials evolved during hydrogen discharge.  
The structure of mesoporous materials can have a significant impact on system functionality 
in a wide variety of applications. In this work, the structures of four highly ordered mesoporous 
carbon scaffolds were examined using a combination of nitrogen sorption and S/TEM. It was shown 
that direct characterization using electron microscopy can provide additional and complementary 
information, e.g. the shape and spacing of the scaffold pores, to that gained through BET and BJH 
analysis of nitrogen sorption measurements. It was also discovered that these scaffolds grow in 
domains of different column orientations rather than as single-orientation monoliths; these domains 
could not be detected using nitrogen sorption alone. The inaccessibility of some of these domains to 
infiltration may explain the reduced practical filling capacity observed in the nano-confinement of 
LiBH4 and may impact other aspects of their performance. The projection artifacts that can arise 
from the through-thickness nature of TEM observation were documented and discussed along with 
best practices for accurate characterization. 
LiBH4 nano-confined within these scaffolds was also investigated using electron microscopy 
and TEM heating. It was discovered that the desorption product LiH is ejected during 
dehydrogenation at 200 °C, forming a granular crust of nano-cubes and cuboids on the outer 
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scaffold surface. These nano-crystals were also found to have migrated completely away from the 
scaffolds across the carbon support film. Ejection of storage medium from the scaffold was also 
observed in DSC-heated specimens, confirming the independence of the ejection process from the 
heating environment. This loss of storage medium from inside the scaffold with cycles – 
preferentially segregating the decomposition products – explains the performance degradation 
observed in these systems. This has implications for the long-term viability of these systems, 
suggesting that the dehydrogenation and hydrogenation temperatures must be reduced and 
mechanisms to limit temperature excursions of the systems identified.  
Examination of high-energy ball-milled MgH2 + 0.05 Ni catalyst using STEM and EDS 
revealed that with increased milling duration the Ni catalyst particles not only drastically decreased 
in size, but also became less discrete, forming a more uniform background following 10 hours of 
milling. XRD and SAED revealed that as the milling time increased, the Ni was transformed into 
intermetallic Mg2NiH4. This provides an explanation for the increased desorption temperature with 
milling duration observed with TGA, with implications for the selection of catalytic species, 
suggesting that low-miscibility hydride-catalyst pairs be chosen. 
In situ TEM heating and EDS studies revealed a continued dissolution of the discrete Ni 
catalyst particles and transformation into Mg2Ni/Mg2NiH4 during dehydrogenation. 
Reagglomeration of Ni was seen in the 10-hour-milled material. These results demonstrate that the 
as-synthesized structure of the Mg-Ni material is not stable and continues to evolve with cycling, 
which explains the degradation in sorption kinetics with cycling reported in this system. 
Nanocrystalline MgO layers up to a few nanometers thick on the exterior surfaces were 
observed to fully enclose the MgH2 particle aggregates. Despite the presence of this oxide, the 
specimens still exhibited improved hydrogen desorption, indicating this oxide layer is permeable to 
hydrogen. The oxide layer became noticeably rougher with increasing milling duration, indicating 
that the structural details of this oxide layer may be an important factor in sorption and warrants 
further study. 
During in situ TEM heating, the MgH2 was observed to recede from the outer oxide layer, 
which largely remained intact, resulting in hollow or partially hollow oxide shells surrounding 
 208 
 
coalesced Mg cores. This work provides a conclusive answer to the origins of these shell-like 
structures. As no Mg was seen to exit the oxide layer, the oxide shells could act as beneficial obstacles 
to aggregate sintering should they remain intact during cycling. 
This work also demonstrated that the form in which the catalyst is introduced during ball-
milling can be used as a tool for tailoring the morphology and dispersion of the catalyst. A dramatic 
reduction in the Ni particle size by up to two orders of magnitude was achieved for 1-hour-milled 
material when anhydrous NiCl2 was used as an alternative catalyst to pure Ni nanopowder. Most of 
the NiCl2 decomposed during milling, the Cl diffused away to the MgH2 to form MgCl2, yielding 
the much smaller and more uniformly sized Ni particles. Electron tomography revealed significant 
differences in the catalyst dispersion in the two systems: the catalyst particles in the NiCl2-doped 
material formed patches of nanoparticles that were limited to the exterior surface of the MgH2, with 
no Ni completely embedded, whereas the Ni catalyst in the Ni-nanopowder-doped material resided 
both inside and outside the MgH2. The greatly increased hydrogen desorption temperature and 
reduced amount of released hydrogen measured in the NiCl2-doped material using TGA are 
attributed to the formation of MgCl2 barriers between the Ni particles and the rest of the MgH2, 
hindering the ability of the Ni to function as catalyst. 
The TiH2 catalyst particles in ultra high-energy high-pressure ball-milled MgH2 + 0.1 TiH2 
decreased in size and increased in number with increased milling duration. Electron tomography 
revealed that by 2 hours of milling the TiH2 was highly dispersed, with Ti residing throughout the 
MgH2 particles, inside and out. This distribution of catalyst increases the amount of MgH2 in 
contact with a catalyst particle, increasing the number of nucleation and growth sites for the 
Mg/MgH2 phases, and may also act as hydrogen gateways to facilitate the transport of hydrogen to 
the interior material. The TiH2 particles exhibited no significant changes either in size, shape, or 
position during hydrogen desorption, indicating that the material retains the initially synthesized 
structure and catalyst dispersion with hydrogen cycling. These results provide an explanation for the 
excellent kinetics and exceptional cycling stability of this material system. 
No evidence of alloying or dissolution of the catalyst with milling duration was found for up 
to 4 hours of milling, with potential for slight alloying by 8 hours; further study is needed to verify 
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this. If true, it would indicate a trade-off exists between decreasing the catalyst particle sizes and 
increasing alloying with extended milling time. Approximately four hours appears to be the 
optimum milling time, and may be the reason for the rise in hydrogen desorption temperature 
reported for specimens milled longer than 4 hours. 
 The TiH2-doped MgH2 also exhibited nanocrystalline outer MgO shells from which the 
interior MgH2 recedes during hydrogen desorption. The oxide layers of the 2- and 8-hour-milled 
material tended to remain in closer contact with the underlying Mg after in situ TEM heating than 
the 4-hour material. This difference in behavior suggests there are structural differences in the oxide 
for different milling durations, which might also help explain the worsening desorption performance 
reported for specimens milled longer than 4 hours, and warrants further investigation.  
 
 
 
